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Additive manufacturing (AM), also known as 3D printing, has demonstrated the ability to 
produce customized, complex engineering components from metallic alloys, not previously 
possible with traditional techniques such as subtractive machining of cast alloys. However, many 
desired lightweight metallic alloys such as high strength aluminum (Al) and magnesium (Mg) 
alloys, cannot be processed dense with AM due to the consequence of solidification cracking. 
Thus, a large knowledge gap remains in assessing already existing, and genesis of new alloys that 
can be processed dense by AM, without solidification cracking. The present work investigates the 
AM processing and solidification behavior of selected Al- and Mg-alloys, as well as describe, 
formulate, and test a method for understanding the cracking tendency of metallic alloys during 
AM using Scheil solidification modeling to index crack susceptibility. In comparison with 
experimental results for binary Al-systems, the observed cracking severity was in good agreement 
with the prediction from the cracking susceptibility index. For further consideration, this method 
for predicting cracking susceptibility was utilized to evaluate the high strength Mg-alloy, WE43, 
important for application in lightweight structural components including use as bioresorbable 
prosthetic implants. Through exhaustive demonstration, dense WE43 parts with good strength and 
ductility were repetitively produced with AM. Furthermore, complex WE43 lattice structures, 
intentionally designed with open porosity, to lighten the material without sacrificing strength, were 
built with AM. Mechanical testing yielded high strength to weight ratios in the lattices, giving high 
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CHAPTER 1: INTRODUCTION 
1.1 General Background 
Additive Manufacturing (AM), also known as 3D printing, is an increasingly popular 
manufacturing process involving the construction of a part through the fusion of material, allowing 
for production of custom designs, not previously capable with subtractive machining processing 
post-casting [1-7]. Laser Powder Bed Fusion (LPBF) is one AM technique that has demonstrated 
its ability to build dense, complex geometries, to near net shape with little to no post-processing 
[1, 4, 8]. Due to this versatility, LPBF has allowed for increased opportunities in engineering 
applications such as: (1) lattice structures, designed with “intended” porosity to lighten engineering 
components for compression/energy absorption applications as well as use in prosthetics, 
examples shown in Figure 1(a); (2) prototyping and designing prosthetic implants tailored for 
specific individuals, examples shown in Figure 1(b); (3) production of more efficient flame 
arrestor designs used for preventing or mitigating combustion/fires in piping systems flowing 
flammable gases/media, examples shown in Figure 1(c); (4) production of bioresorbable prosthetic 
implants used to promote cell growth towards producing new bone/tissue with degradation of the 
implant, allowing for life without permanent implants, examples of bone scaffolds designed with 
Mg-alloy WE43 are shown in Figure 1(d). One key aspect of the parts shown in Figure 1 is the 
complexity of the design and the use of “intended” porosity to create mesh/lattice designs; this has 








Figure 1: Examples of complex parts built with LPBF. (a) AlSi10Mg lattice structures, (b) 
AlSi10Mg mandible and Ti6Al4V patellofemoral (kneecap) implants, AlSi10Mg and Cu10Sn 




The ultimate structural engineering material has both high strength and low density. 
Therefore, Al- and Mg-alloys are enticing for engineering applications due to their high strength 
to weight ratio, especially in combination with the lattice structure, “intended” porosity designs 
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[9]. However, many commercial Al-alloys such as high strength AA7075 and corrosion resistant 
AA5083 or commercial Mg-alloys such as high strength AZ91, cannot be processed by LPBF 
without the consequence of solidification cracking [10-13]. Of the Al- and Mg-alloys that are 
readily available for LPBF, primarily near eutectic (~ 12.6 wt.% Si [14]) Al-Si alloys such as Al-
10 wt.% Si-0.5 wt.% Mg (known as AlSi10Mg) and Al-12 wt.% Si (referred to as AlSi12), have 
shown repeatedly to produce dense parts with no solidification cracking from LPBF processing 
[15-21]. These Al-Si alloys were adopted from casting alloys, but were not designed for 
engineering purposes such as high tensile strength and/or good resistance to harsh or hazardous 
environments. Of the common engineering alloys, only IN625, IN718, SS316L, SS15-5, and 
SS17-4 have been widely studied with LPBF. Otherwise, a tendency for cracking is observed when 
desired alloys such as high strength Ni-based superalloy CM247, are processed by LPBF. As for 
the lightweight metals, extensive work has been done on Ti6Al4V, but still exists as one of the 
only light metals, along with AlSi10Mg, used for LPBF, with only minor and almost no 
advancements in Al- and Mg-alloys, respectively. Therefore, a large knowledge gap exists in the 
understanding and assessment of already established and development of new alloys, that are 
easily processable by LPBF.   
  
1.3 Objectives 
In this dissertation, evaluation of the solidification behavior during LPBF processing is 
investigated for selected Al- and Mg-alloys towards assessing already established, and 
development of new alloys, easily processable by LPBF. Scheil-Gulliver solidification modeling 
was used in conjunction with solidification cracking susceptibility indexing to predict the 
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solidification behavior of various Al- and Mg-alloys. For experimental correlation, each alloy 
considered was processed by LPBF over varying processing parameters, towards observation of 
different solidification conditions (i.e. varying heat input). All LPBF processing parametric 
experiments were designed to produce samples with varying porosity/defect formation and 
differences in microstructural features, based on changes in heat input. Furthermore, mechanical 
properties were measured through hardness and tensile/compressive methods for correlation to 
processing condition. Additionally, dynamic mechanical behavior of lattice structures was studied 
to determine the validity and application of these custom designs, only possible with LPBF 
processing. 
To that end, this dissertation is divided into five main chapters: 
1. CHAPTER 3: EFFECTS OF ALLOY COMPOSITION AND SOLID-STATE 
DIFFUSION KINETICS ON POWDER BED FUSION CRACKING 
SUSCEPTIBILITY–  
Discussion of hot cracking and establishing a criterion to help index and explain the hot 
cracking of various Al-alloys processed by LPBF. 
2. CHAPTER 5: UNDERSTANDING THE LASER POWDER BED FUSION OF 
ALSI10MG ALLOY– 
A LPBF processing parametric of AlSi10Mg, an alloy proven to process volumetrically 
dense, was performed. Focus will be placed on microstructural differences, including 
porosity and flaw defect formation, over varying LPBF processing parameters.  
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3. CHAPTER 6: SOLIDIFICATION CRACKING AND MICROSTRUCTURAL 
DEVELOPMENT IN BINARY AL ALLOYS WITH 0.5, 1.0, 2.0, 4.0, 12.6, AND 16.0 
WT.% SI DURING LASER POWDER BED FUSION– 
Experimental validity of the hot cracking susceptibility criterion by exploring LPBF of 
six different binary Al-Si compositions.  
4. CHAPTER 7: ADDITIVE MANUFACTURING OF DENSE WE43 MG ALLOY BY 
LASER POWDER BED FUSION– 
Discussion will include processing, microstructure, and mechanical behavior of this 
“new” LPBF capable alloy.  
5. CHAPTER 8: HIGH STRENGTH WE43 MICROLATTICE STRUCTURES 
MANUFACTURED BY LASER POWDER BED FUSION –  
Having good confidence that WE43 can be processed dense with good mechanical 
properties, more complex structures with various applications can now be investigated. 
Towards load bearing and energy adsorption applications, 24 WE43 lattice structures 
were fabricated and compressed, yielding good mechanical behavior.   
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CHAPTER 2: LITERATURE REVIEW 
2.1 Background on Additive Manufacturing 
Additive manufacturing (AM) is a novel manufacturing technology that has shown to 
produce custom, complex geometries with near net shape [1, 4, 8, 22]. In AM, parts are fused 
together from a powder, rod, or sheet feedstock, with little to no need for post-processing such as 
machining (subtractive manufacturing) [1, 4, 6-8]. AM allows for rapid prototyping of new and 
efficient designs across the automotive, aerospace, electronics, military, nuclear, and medical 
industries. As shown in Figure 2, powder bed fusion (PBF) is a popular AM technique in which a 
powder bed is selectively melted, either by a laser or electron beam source, building a part layer 
by layer [1, 4, 8]. Parts can be custom designed with a computer-aided-design (CAD) software as 
shown in Figure 2. Electron-beam PBF (EPBF) must be performed under vacuum in order to refine 
and focus the electron beam. The vacuum environment ensures little oxygen contamination, 
however, metals such as Al and Mg, cannot be melted under vacuum due to their high vapor 
pressures [2, 8]. Therefore, laser PBF (LPBF) has become the prominent AM technique as the 
laser can be utilized under atmospheric pressure [4, 8]. Since LPBF is performed under 
atmosphere, inert gases such as argon or nitrogen are usually flown in the chamber for 





Figure 2: Demonstration of typical LPBF process. 
 
As one can imagine, there are many factors and parameters that exists in LPBF. Typically 
for LPBF, investigators focus on four main processing parameters: laser power (W), laser scan 
speed of laser (mm/sec), distance between consecutive scans known as hatch spacing (mm), and 
the powder layer slice thickness (mm). These four terms can be normalized with a term known as 
energy density, defined as [1, 2, 4, 8]:  
 
EnergyDensity =  
LaserPower
ScanSpeed ∗ HatchSpacing ∗ SliceThickness
 
(1) 
Therefore, most processing maps and optimization strategies found in literature for alloys 
printed by LPBF are determined by varying these four parameters and energy density, 
documenting the right combination where pores and/or cracks can be minimized.  
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During the LPBF process, the incoming laser melts the powder bed, forming a “melt pool 
shape” along the build direction as shown in Figure 3(a). With each additional layer, the 
consecutive melt pools start to stack, creating what is known as a fish scale structure as shown in 
Figure 3(b). Perpendicular to the build direction, the continuous scanning of the laser leaves 
elongated melt pool tracks as shown in Figure 3(c). 
 
 
Figure 3: (a) Schematic of LPBF processing technique, and optical images of LPBF AlSi10Mg 
looking (b) in the build direction, and (c) looking perpendicular to the build direction. 
 
The discontinuity in direction of the melt pools in Figure 3(c) is due to a scan rotation 
where the laser scanning direction is rotated (based on a given value) after each consecutive layer. 
It has been found that no scan rotation (0º) causes continual, epitaxial grain growth as the laser 
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path stays constant for each layer, developing a strong texture [8]. However, by rotating the scan 
direction (commonly 67º), the laser path changes after each layer, decreasing the chances of texture 
in the grains.  
In order to assess behavior of an alloy with various combinations of processing parameters, 
simple geometries such as cubes and cylinders are commonly used, varying the processing 
parameter combinations. Simple geometries are not only easy to handle, but allow for good heat 
conduction; the direction of heat conduction would be opposite the build direction, flowing 
downward towards the build plate as the powder bed is a poor conductor of heat. During 
optimization of LPBF processing parameters, focus is placed on minimizing the number of 
pores/flaws, using simple geometries. A larger processing window, i.e., larger range in which the 
alloy processes volumetrically dense, the more degrees of freedom for complex geometries to print 
well. Variations in sample geometry such as overhanging edges that rest on powder bed (no 
supporting materials underneath), must flow the heat through the bulk, potentially causing 
significant differences in grain structure. Many custom parts desired to be built with LPBF contain 
complex features such as overhangs. Therefore, associated geometries (e.g. overhangs) may 
exhibit differences in microstructure, since the heat conduction method is slower, potentially 
keeping the overhangs at higher temperature, longer. Therefore, an alloy chosen for LPBF must 
exhibit versatility with varying heat input (i.e., varying processing parameters) in order for more 




2.2 Current Status of LPBF 
The AM process that is now known as LPBF was invented by M. Fockcle and D. Schwarze 
at F&S Stereolithographi-etechnik GmbH in Germany in 1995 [23]. It was then patented by 
collaborators of Fockcle and Schwarze in 1998 by W. Meiners, K. Wisenbach, and G. Andres [23]. 
Even though the technology has been around for more than 20 years, there exist few alloys 
considered processable for LPBF due to the consequence of solidification cracking. Moreover, 
accessibility of feedstock powder is limited to those alloys that the manufacturer of the 
printer/LPBF machine (OEM) sell. A list of known alloys for LPBF is shown in Table 1.  
Some of the more well-known LPBF alloys include AlSi10Mg, IN625, IN718, SS316L, 
and Ti6Al4V, all known to behave well in both casting and welding. Therefore, it was originally 
thought that weldable alloys would translate to “printable” alloys. Yet, various Ni-based 
superalloys such as the CM and Renee series or various Al-alloys such as high strength AA6061, 
also known to behave well in welding procedures, are susceptible to solidification cracking during 
LPBF processing. Examples of solidification cracking observed in LPBF of Ni-based superalloy 
CM247 and Al-based AA6061 are shown in Figure 4. The majority of newer alloys under the 
“Others Available” tab in Table 1, are modifications of known alloys, designed specifically for 
LPBF. However, many alloys on this list are still under development, and not necessarily available 
for industry or high throughput manufacturing, and continue to remain “custom” rather than 
commercial. Note that no column for Mg-based alloys exists in Table 1. 
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Table 1: List of alloys available for LPBF. All units are in wt.%. 
 











































Figure 4: Optical images of high strength (a) Ni-based superalloy CM247 and (b) Al-based 
AA6061, both shown to exhibit crack, regardless the LPBF processing parameter chosen. 
 
2.3 Understanding Solidification of LPBF Processing 
The laser melting process in LPBF is adopted from laser welding techniques, ergo the 
microstructure of LPBF parts consists of an innumerable number of welds, all bonded together as 
was shown in Figure 3(b). Due to the local and fast solidification, the cooling rates in LPBF are 
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quite high, suggested to be on the order of 105 to 107 K·s-1 [24-26], significantly higher than that 
found in conventional casting or welding processes, which are usually on the orders of 101 to 103 
K·s-1 [24, 27]. Moreover, high thermal gradients are also expected in LPBF due to the repeated 
melting, and the layer by layer process. It is expected that the temperature at the top layer of the 
part will be significantly different than the temperature at the bottom layer of the part, since heat 
dissipation can only conduct down through the solid, as the powder bed is a poor conductor of 
heat; thus large thermal gradients are produced along with the high cooling rates [8, 26, 28].  
To determine various thermal parameters, we can adopt established welding metallurgy. 
Rosenthal et al. [29] described a relationship between a moving point source (taken as our laser 
source in LPBF) and the change in temperature after interaction with the base material. In the 
Rosenthal equation presented in Eq. (2), where T is the final temperature, Q is the input energy 
usually described as the laser power multiplied by the absorption coefficient (estimated as 0.35 for 
AlSi10Mg from [25]), R is radial distance from the laser beam position, κ is the thermal 
conductivity, ξ is the distance from the heat source, and φ is the thermal diffusivity [29, 30]. 
 





















where v is the scan speed, T is taken as the melting temperature, and T0 is the initial temperature, 
taken as 100 ºC (373 K), which is the holding temperature of the build plate. The thermal gradient, 



























According to Eq. (4), the thermal gradient is not a function of scan speed, suggesting a 
constant laser power for varying scan speed. Moreover, the solidification growth rate is only a 
function of and equal to the scan speed (shown in Eq. (5)), suggesting constant growth rate for 
varying laser power. The grain growth and formation can be attributed to differences in thermal 
gradient, expressed in terms of G/V and GV (Ṫ). Generally, columnar grains are expected to grow 
when G/V is high, and more equiaxed grains when G/V is low. The term GV controls the grain 
size, and the cellular/dendritic size if supercooling exists. Protuberances in the solidification front 
that lead to cellular/dendritic formation is also dependent on the G/V term as defined in 
constitutional supercooling [27, 31]. 










where DL is the diffusion coefficient of solute in the liquid, and the parameters mL, C0, and k are 
taken from the equilibrium phase diagram. Instead of assuming that the growth velocity of the 
solidification front is constant regardless of composition, as per Eq. (5), a maximum V can be 







where Hf is the heat of fusion of the alloy. Thus, Vmax will be dependent on composition, and not 
be directly equal to the scan speed as proposed in Eq. (7). 
Variations in processing parameters not only influences the thermal history of the material, 
but can severly alter the microstructure. During the laser melting, the incoming energy input will 
form a specific melt pool geometry, that can be defined by a width and depth. There are three melt 
pool modes well described in welding literature: (1) Conduction mode where the heat will be 
conducted through the bulk, yeilding a larger width than depth as shown in Figure 5(a); (2) Mixed 
mode where enough heat input is present for more penetration, thus yeilding larger depths as shown 
in Figure 5(b); (3) Keyhole mode which is described as a drilling of the laser into the solid, creating 
deep melt pools as shown in Figure 5(c) [30, 32]. Keyholing is an unstable process as it depends 
on the local conditions that allow for a high degree of vaporization to cause such a large 
penetration. Figure 5(d) captures an excellent example of the instability of the keyhole melt pool 
gometry, showing the original melt pool boundary, and the extension from a momentary stability 
in keyholing. It is also noticed in Figure 5(d), that a large pore is present at the bottom of the melt 
pool. If the keyhole penetration is high and the melt pool starts to resolidify before the gases at the 
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bottom can escape, a keyhole pore will form. Besides solidification cracking, keyhole porosity is 
another defect known to occur during LPBF that can hinder the materials performance. 
Conversely, under conduction mode, a lack of penetration would result in poor bonding with the 
previously solidified layer, thus forming what is known as lack of fusion defects, which are also 
extermely determintal to the parts formation. Part of this dissertation will discuss more on when 
and why these different types of defects occur in LPBF.  
 
Figure 5: Examples of (a) conduction, (b) mixed, and (c) keyhole mode melt pool geometry as a 
result of differences in processing parameter. (d) In the keyhole example, there are differences 




2.4 Review on LPBF of Al-Alloys  
Al-alloys are desired due to their high weight to strength ratio, which has application in the 
aerospace, automotive, marine, nuclear, electronic, and military applications [5, 33]. However, as 
was demonstrated in Table 1, few Al-alloys are known to process well with LPBF. Primarily, near 
eutectic compositions, ~ 12.6 wt.% Si [14], of Si alloyed with Al such as Al - 10 wt.% Si – 0.5 
wt.% Mg (commonly referred to as AlSi10Mg) and Al – 12 wt.% Si (Al12Si), have exhibited good 
behavior in LPBF with repeated achievements of volumetrically dense parts free of solidification 
cracks [16-19, 26, 34-38]. AlSi10Mg was adapted from casting alloys where the large additions of 
Si reduce the viscosity of the Al-melt, increasing fluidity, which is desired in casting [33]. 
Moreover, the near eutectic composition reduces the temperature freezing range, reducing the 
chances of solidification cracking. AlSi10Mg processed by LPBF has shown to have effective 
strength and ductility, i.e. σy ≈ 250 to 300 MPa, σUTS ≤ 400 MPa, and total strain of < 10 % [16, 
21, 34, 39]. The impressive strength is attributed to a sub-grain, cellular-solidification structure, 
approximately < 1 µm in size [26, 38], defined by an Al-Si eutectic in an α-Al matrix. However, 
with increasing temperature, the Si segregation easily coarsens, decreasing the strength of the alloy 
significantly [21]. Moreover, the high Si content significantly reduces the corrosion resistant [21, 
40, 41]. Thus, Al-Si alloys that have shown to print well in LPBF are not suitable for engineering 
applications.  
Processing of desired engineering Al-alloys such as high strength 2xxx, 7xxx, and 6xxx 
series, as well as corrosion resistant 5xxx series, typically result in solidification cracking [11, 12, 
42-48]. Common commercial Al-alloys such as high strength AA7075 (Al-Zn-Mg-Cu based), high 
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strength AA6061 (Al-Mg-Si based), and corrosion resistant AA5083 (Al-Mg-Mn based) are 
desired for applications in military, nuclear, and aerospace industries. These Al-alloys were 
designed for casting and post thermomechanical processing [33, 49]. Moreover, AA5083 and 
AA6061 are considered to be weldable alloys, showing versatility in localized high temperature 
melting with rapid solidification, similar to that found in LPBF [49]. However, these Al-alloys are 
considered not suitable for LPBF without consequences of solidification cracks (hot tears) and/or 
excessive porosity, regardless of processing parameter employed [11, 12, 42-44, 50].  
Typical grain structure of these commercial Al-alloys processed with LPBF consists of 
long columnar grains (hundreds of micrometers long) that often protrude through multiple melted 
layers [11, 43, 44]. The columnar grains evolve through epitaxial growth from grains developed 
in previously solidified layers. During solidification in LPBF processing, the last remaining solute 
rich liquid, towards the end of solidification, is ejected to the mushy (semi-solid) zone. 
Solidification cracking is thought to occur upon solidification shrinkage/contraction, estimated to 
be around 6.6 % for pure Al [27], of the solidified grains between the liquidus and solidus 
temperature range during the final stages of solidification in the mushy zone. Towards the very 
end of solidification, the amount of liquid may become so limited, that the liquid wets the grain 
boundaries of the solidified grain with a continuous film, becoming a site for grain separation. If 
the material cannot compensate for accumulated strain/stress during contraction, the strain/stress 
can fracture the liquid film, leaving an open channel. Moreover, since little liquid is left, it is 
unlikely for closure of the crack or liquid backfilling before solidification is complete; thus, 
cracking nucleation remains in solidified structure. Therefore, much work has been done on 
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modifying commercial Al-alloys, in order to neutralize or heal solidification cracking during LPBF 
processing [11, 12, 42-44, 50-54]. 
Investigators such as Zhou et al. [11, 12, 42, 43] and Martin et al. [44] have found great 
success in inoculating these commercial Al-alloys with known Al-grain refiners such as Zr and Sc 
[33]. They have suggested, that through these alloying additions, coherent nanoscale precipitates 
of the tri-aluminide, Al3R, allow for heterogenous nucleation of the α-Al matrix, resulting in 
multiple, fine equiaxed grains developed along the solidification front. Columnar grains are still 
observed within the melt pool, but epitaxial growth is mitigated with production of the fine grains 
at the solidification front of each newly melted layer, creating a bimodal grain structure within the 
melt pool. Cracking can still occur along the fine columnar grains with a melt pool, but repeated 
melting can heal the cracks through liquid back-flow during melting of the subsequent layer. This 
process was described in detail in our previous work [11]. 
2.5 Background on LPBF of Mg-alloys 
Mg-alloys warrants interests in automotive, aerospace, nuclear, military, electronics, and 
biomedical applications because of its attractive properties such as strength-to-weight ratio, 
corrosion resistance, creep resistance, and bioresorbability (i.e., controlled corrosion and 
biocompatibility). Mg alloyed with rare earths such as Y, Nd, Sc, Yb are known as the high 
strength (>160 MPa tensile strength), high creep resistant alloys [55-57]. WE43 is a high strength 
(σy = 172 MPa [58]) Mg-alloy with good creep resistance [55-57] containing up to 4.3 wt.% 
yttrium (Y) and other rare earth elements such as Nd and Gd, up to 4.8 wt.% [58]. Moreover, 
19 
 
WE43 has good temperature resistance, stable for > 200 °C, better than most Al-alloys [55-57]. 
WE43 has been used in structural components for helicopters and automobiles as frames, gear 
boxes, casings, etc. [55-57, 59, 60]. Recently, it has been also considered for lightweight ballistic 
armors and protective helmets in military applications [60, 61]. With increasing interests, WE43 
has been also considered for bioresorbable prosthetic implants [62-64], because the high oxygen 
(O2) affinity of the rare earths can be utilized to control the corrosion behavior of the Mg-alloy, 
i.e., dissolution rate, passivation mechanism, etc. [62-64]. 
Casting Mg-alloys demands technical attention due to Mg’s reactivity with O2, high 
flammability, and high vaporization pressure [10, 65]. In addition, thermo-mechanical processing 
of Mg-alloy remains challenging due to anisotropic hexagonal-closed-packed (hcp) crystal 
structure of Mg [66]. Therefore, working of Mg-alloys is typically done at elevated temperatures 
and under an inert atmosphere, which increases the resources and time required for manufacturing 
of Mg-alloys. To that end, additive manufacturing (AM), which has demonstrated production of 
dense, complex shapes, could be an efficient route to manufacture Mg-alloy component. 
Literature is scarce for AM of Mg-alloys. Of the studies that do exist, few investigators 
have reported fully dense parts with minimal porosity and/or solidification cracks [10, 13, 67-89]. 
Known studies are summarized in Table 2. Ng et al. [67, 73, 74] was the first to have studied the 
interaction between pure Mg powder and single track laser scan, however, without building any 
bulk 3-D samples and/or components. Subsequently, Hu et al. [83] attempted the fabrication of 
near-net-shape pure Mg parts using LPBF, only achieving a relative density of approximately 95 
%. Recently, Niu et al. [87] followed the work of Hu et al. [83], utilizing the same processing 
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parameters, achieving a slightly higher relative density of 97.5 %. Despite the inability to produce 
dense, pure Mg by LPBF, pure Mg is rarely used in engineering applications. Considering the 
limited use of pure Mg in engineering applications, Zhang et al. [13] was one of the first to have 
examined LPBF build of a Mg – 9 wt.% Al (similar to Mg alloy, AZ91 which is composed of Mg-
9 wt.% Al-1 wt.% Zn) as functions of LPBF parameters, and reported build up to 82 % relative 
density.  
Wei et al. [78, 79] also examined LPBF processing window for AZ91 and AZ31 (Mg-3 
wt.% Al-1 wt.% Zn), as well as for ZK60 (Mg-5.2 wt.% Zn-0.5 wt.% Zr) with detailed analyses 
of evaporation and microstructure. For AZ91 and AZ31 alloys, energy density higher than 214 
J/mm3 yielded too much evaporation and excessive porosity, whereas that below 77 J/mm3 lead to 
excessive balling of the melt. The best parameters were found at an energy density of 166.7 J/mm3, 
which had a corresponding laser power, scan speed, hatch spacing, and slice thickness of 200 W, 
333.33 mm/sec, 0.09 mm, and 0.04 mm, respectively, which yielded a relative density of 
approximately 99.5 %. For ZK60 (Mg-5.2 wt.% Zn-0.5 wt.% Zr) alloy, the best processing 
parameters were identified at an energy density of 416.66 J/mm3, which had a corresponding laser 
power, scan speed, hatching spacing, and slice thickness of 200 W, 300 mm/sec, 0.08 mm, and .02 
mm, respectively. Wei et al. [79] reported microhardness of these alloys comparable to 
traditionally manufactured Mg-alloys. However, only a relative density of 94.05 % was achieved 
for the ZK60 alloy.  
Collaborating groups in Germany at the Fraunhofer Institute of Laser Technology have 
published pioneering work on LPBF of Mg-alloys [82, 90-94]. Jauer et al. [91] examined the 
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feasibility of AZ91 and WE43 and reported that a set of optimum parameters (200 W laser power, 
700 mm/sec scan speed, 0.04 mm hatch spacing, and 0.03 mm slice thickness, corresponding to 
an energy density of 40.7 J/mm3) produced a 99 % dense part with a tensile strength of ~ 300 MPa. 
The microstructure was investigated recently, which showed that there were possible Mg3Gd 
phases in the WE43 that could not be fully identified [82]. Later, Bar et al. [90] published a detailed 
microstructural characterization of LPBF WE43, reporting intermetallic phases Mg41Nd and 
Mg3Nd. Gangireddy et al. [69] also released a recent study on LPBF of WE43 that reported 
optimum parameters of laser power, scan speed, hatch spacing, and slice thickness of 195 W, 800 
mm/sec, 0.02 mm, and 0.03 mm, respectively, corresponding to an energy density of 238.1 J/mm3. 
They reported the formation of Nd rich precipitates in the microstructure, but could not fully 
identify the phases formed. The work discussed in this dissertation on the LPBF of WE43 is 
considered one of first to have studied and understood the processing-microstructure relationships, 
phase constituents, and microstructural makeup, as well as test mechanical properties both in 
tension and compression, with repeated success.  
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200 333.3 0.09 0.04 167 99.5 
Wei et al. 
[78] 
ZK60 200 300 0.08 0.02 416 94.05 




90 100 0.1 0.03 300 ~ 95.0 
Hu et al. 
[83] 
Mg-0, 










Zhou et al. 
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Mn 
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ZK60 50 500 0.1 0.1 600 97.3 




















70 500 0.03 0.03 155.55 95.7 
Niu et al. 
[86] 
WE43 195 800 0.2 0.03 40.7 ~ 99.0 
Gangireddy 
et al. [69] 





70 500 0.03 0.03 155.6 97.5 
Niu et al. 
[87] 
WE43 200 1100 0.13 0.04 35 99.7 
Hyer et al. 
[10] 
AZ61 150 400 0.06 0.04 156.25 99.2 
Liu et al. 
[85] 





CHAPTER 3: EFFECTS OF ALLOY COMPOSITION AND SOLID-STATE 
DIFFUSION KINETICS ON POWDER BED FUSION CRACKING 
SUSCEPTIBILITY 
A percentage of the work contained in this chapter was submitted to the Journal of Phase 
Equilibria and Diffusion. Hyer, H., Zhou, L., Mehta, A., Sohn, Y. (2020). Effects of alloy 
composition and solid-state diffusion kinetics on powder bed fusion cracking susceptibility. 
Journal of Phase Equilibria and Diffusion. [96] 
3.1 Background on Solidification Cracking 
Solidification cracking (hot tearing) is thought to occur when the stress and/or strain 
induced from solidification shrinkage and thermal contraction cannot be accommodated by elastic 
or plastic deformation of the alloy [27, 32]. For an isotropic solid, the accumulated strain based on 
the change in dimension, δ, can be related to the thermal expansion, γ, and freezing range of an 





= γ(TL − TS) 
(8) 
where TL and TS are the temperatures of the liquidus and solidus, respectively. Therefore, some 
earlier studies postulated that the hot cracking susceptibility is directly related to temperature 
freezing range of an alloy [98, 99]. Even though the freezing range does influence cracking 
susceptibility, it has been shown in recent studies that cracking is directly related to the end of 
solidification, and not necessarily dependent on freezing range [98, 99].  
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Many models exist, usually relating the accumulated stress or strain to the cracking 
susceptibility of an alloy. Recent investigations such as Kou [100] have suggested that the 
accumulated strain is most influential, specifically as a function of time and temperature. Strain-
based models focus on the last remaining liquid, when the fraction of solid, fS, approaches 1, and 
postulate that plastic deformation of the material such as grain bridging to close the cracks or liquid 
backfilling as demonstrated in Figure 6, only occurs in the final stages of solidification. As fS → 
1, the last remaining liquid would wet the grain boundaries with a continuous film before reaching 
the solidus/eutectic temperature. Strain would develop along this liquid film, and when the strain 
supersedes the ductility of the material, the liquid film will fracture, causing grain separation and 
nucleation of cracking as shown in Figure 7. Moreover, so little liquid and time would be left to 
allow for grain merging or for liquid back-flow. Therefore, cracking models based on strain rate 
are becoming more prominent because it considers solidification time, i.e., kinetics, to play a 
significant role in strain accumulation during solidification [100, 101].  
Work done by Clyne and Davies [102] proposed that the cracking susceptibility criterion 
(CSC) can be determined by the ratio of the time period when the material is vulnerable to cracking 
(i.e. when fS = 0.9 to 0.99), to the time period available for stress relief (i.e. when fS = 0.4 to 0.9). 
Even though the CSC model takes into account the factor of time and last remaining liquid, the 
oversimplification of the model breaks down at high cooling rates (extremely low freezing 
solidification times, < 10-3 seconds), where it is difficult to quantify the total freezing time, and 




A more complete and prominent model proposed by Rappaz-Drezet-Gremaud (RDG) 
[103] is based on strain rate and focuses on the growth of columnar dendrites during the final 
stages within the mushy zone, which is considered both at the interdendritic and grain boundaries. 
The RDG model also states that there is a uniaxial tensile deformation acting normal to the growth 
of columnar dendrites, and liquid feeding moving opposite the growth direction. However, the 
RDG model assumes that crack initiation is caused by formation of a cavity due to a drop in 
cavitation pressure in the mushy zone. Coniglio and Cross [104] reported, through arc weld 
experiments, that even though the RDG model considered tensile deformation against the dendrites 
growth and healing through liquid feeding, the cavitation due to pressure drop is not possible in 
Al-alloys. Moreover, maximum susceptibility of the RDG is complex to calculate, and nearly 
proportional to the nonequilibrium solidification range, according to their original work. Despite 
the differences, both the RDG and CSC model identify the mushy zone, found near the end of 
solidification, fS → 1, is the most important for understanding solidification cracking. To that end, 
as reviewed well by Easton et al. [101], various modified models based on CSC or RDG have been 




Figure 6: Schematic showing possible cracking mitigation during the final moments of 
solidification. Cellular morphology was added to demonstrate that solute redistribution is 
occurring, creating protuberances in the solidification front. 
 
 
Figure 7: Schematic showing solidification crack nucleation. 
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3.2 Solidification Cracking Criterion Calculations 
More recently, Kou [100] proposed a cracking criterion based on stain rate, which focuses 
on the final liquid at the grain boundaries near the end of solidification, e.g., fS = 0.99. Cracking is 
assumed to occur when an increase in strain rate due to cooling from the liquidus to the solidus 
temperature during the final stages of solidification, is not accommodated. Cracking is postulated 
to nucleate due to separation of grains, which can be caused by liquid film fracture or by pulling 
of growing grains due to accumulated strain. If a sufficient amount of liquid is present at the end 
of solidification, then the accumulated strain would not be adequate to break the liquid film. Other 
sites for crack initiation can already be present, such as trapped micropores in the melt or presence 
of oxides folded into the liquid [100, 104]. Cracks can be healed when the grains overcome the 
strain. Healing can occur through grain bridging by continual growth towards one another, or 
through liquid feeding of the open channel to fill the possible crack. For predicting the cracking 
susceptibility, Kou focused on the last fraction of liquid to solidify and suggests that the sensitivity 
of the fS, or more accurately fS
1/2, before reaching the solidus temperature, is critical. Therefore, 
Kou’s prediction of cracking is based on the maximum steepness of the fS
1/2 vs. T curves, 
|dT/dfS
1/2|, and can be directly related to the cracking susceptibility of an alloy [100].  
As shown in Figure 8(a), a small |dT/dfS
1/2| would result in a short channel opening if the 
liquid film is sheared. The short channel can be easily fed with backflowing liquid or closed with 
continual grain growth if enough time is available. If the magnitude of |dT/dfS
1/2| is large, it is 
likely that shearing the liquid film would result in a long channel formation as shown in Figure 
8(b). The long channel would be more difficult to fill completely with liquid backflow or 
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continuous grain growth. Thus, cracking is easily nucleated from the formation of long channels. 
The reason for the channel length dependence on of |dT/dfS
1/2| derives from the freezing range, the 
amount of liquid left based on the fS
1/2 at the end of solidification, and the mechanical deformation 
and strength to overcome the accumulated strain for a particular composition.  
 
Figure 8: Schematic of crack nucleation dependence on magnitude of steepness, |dT/dfS
1/2|. (a) 
Small magnitudes of |dT/dfS
1/2| result in shorter channels if the liquid film is sheared, allowing 
for easy liquid feeding or grain growth to close the channel. (b) Large magnitudes of |dT/dfS
1/2| 
result in longer channels after liquid film fracture, that are more difficult to feed liquid into or 
close with grain growth, resulting in cracking nucleation. 
 
In Kou’s cracking criterion [100], the cracking susceptibility is directly related to the fS, 
which can be determined from the work by Gulliver and Scheil [27, 31]. The “Scheil equation” is 
expressed as: 
 










where k is the partition coefficient that defines the ratio of the concentration of solid, CS, to the 
concentration of liquid, CL, as: 
 





This form of Scheil equation assumes that there is infinite diffusion in the liquid, no diffusion in 
the solid, and that the liquidus and solidus are straight lines, giving a constant k. The fraction 
eutectic, fE, can then be expressed by: 
 















In Eq. (12), TM is the melting temperature, TE is the eutectic temperature, and CE is the 
concentration of solute at the eutectic. Kou [100] suggested that the effect of fS is more emphasized 
with fS
1/2, as per the strain rate based criterion described in [100, 105]. Moreover, the steepness of 
the temperature vs. fS
1/2 curves, |dT/dfS
1/2|, is directly related to the cracking susceptibility. The 
|dT/dfS














1/2| is a function of temperature, therefore, for determining the correct 
value of |dT/dfS
1/2|, Kou [100] suggested that there should be a range of fS near fS = 1 that represents 
the maximum |dT/dfS
1/2| of the solidification curves. However, it can be difficult to choose an 
appropriate range of fS for all compositions because not all compositions achieve near fS = 1 before 
reaching the eutectic temperature, making it hard to be consistent with choosing the correct 
|dT/dfS
1/2|. In this study, the proper |dT/dfS
1/2| will be taken as the final value of fS
1/2 before reaching 
the eutectic temperature for each, individual composition. 


































In Eq. (16), the DS is the diffusion coefficient in solid, tf is the freezing (solidification) time, and 
λ2 is the secondary dendrite arm spacing (SDAS). The diffusion parameter, α, is usually less than 
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0.3, and α = 0 represents the case of no solid-state diffusion. The tf can be expressed as the freezing 








3.3 Cracking Susceptibility and Effect on Diffusion on Al-Si, Al-Mg, and Al-Cu Binary Systems 
Al-alloys are typically alloyed with Si, Mg, and/or Cu for strengthening in 5xxx, 6xxx, and 
7xxx series [49]. Therefore, it is worthwhile to start the examination of the cracking susceptibility 
for binary Al-Si, Al-Mg, and Al-Cu systems. The hypo-eutectic regions of the phase diagrams for 
these systems are presented in Figure 9. For simplicity, in Scheil equation, the liquidus and solidus 
were drawn with straight lines. Being well-established, the equilibrium phase diagram for each 




Figure 9: Hypo-eutectic region of the phase diagram for binary Al-Si, Al-Mg, and Al-Cu systems 
[14]. Liquidus and solidus were estimated straight lines. 
 
Using Eq. (9), the fS
1/2 was calculated for varying concentration of solutes, Si, Mg, and Cu 
in Al as shown in Figure 9. With a decrease in solute concentration, the magnitude of fS
1/2 just 
before reaching the eutectic temperature increased for all alloys. From Figure 9, |dT/dfS
1/2| was 
calculated using Eq. (13) as presented in Figure 10 for these binary systems as fS
1/2 approached 1. 
With a decrease in solute concentration, the magnitude of fS
1/2 just before reaching the eutectic 
temperature increased for all alloys. All fS
1/2 vs. temperature curves were drawn to the eutectic 
temperature. Understandably, compositions below the solubility limit would have a higher solidus 
temperature, above the eutectic temperature. However, based on the Scheil condition, these 
compositions will nearly fully solidify, i.e., fS




1/2 = 1 until the eutectic temperature is reached. For example, the composition 
Al-0.1 wt.% Si will achieve fS
1/2 = 0.99 at approximately 639.3 °C, near the solidus temperature 





Figure 10: Temperature vs. fS
1/2 curves calculated from Scheil model in Eq. (9) for Al-alloy with 
varying concentration of solutes: (a) Si, (b) Mg, and (c) Cu. 
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From Figure 9, |dT/dfS
1/2| was calculated using Eq. (13) as presented in Figure 10 for these 
binary systems as fS
1/2 approached complete solidification. Not all compositions achieved fS
1/2 = 
0.99 before reaching the eutectic temperature. Therefore, the critical fS
1/2 at which the largest value 
of |dT/dfS
1/2| is found, will be the final value of fS
1/2 before reaching the eutectic temperature for 
each individual composition. As shown in Figure 11, with an assumption of “no diffusion in solid,” 
i.e., α = 0, the maximum cracking susceptibility for the Al-Si, Al-Mg, and Al-Cu alloys occurred 
at 0.5, 4.5, and 1.0 wt.%, respectively. The 6xxx series Al-alloys contain up to 0.5 to 1.0 wt.% Si, 
5xxx series alloys contain up to 4.0 to 5.0 wt.% Mg, and many 7xxx alloys contain 1.0 to 2.0 wt.% 
Cu. These alloy compositions correspond close to the compositions of maximum crack 
susceptibility for each alloy. However, many of these alloys are known to behave well during 
casting or welding. Therefore, the assumption of “no diffusion in solid” may play an important 




Figure 11: Crack susceptibility index, |dT/dfS
1/2| as a function of solute concentration for (a) Si, 




To explore the effect of diffusion, the diffusion parameter, α, defined in Eq. (16), was 
varied at 0 (no diffusion), 0.05, 0.10, and 0.20, to calculate the fS
1/2 using Eq. (14) for Al-0.5 wt.% 
Si, Al-4.5 wt.% Mg, and Al-1.0 wt.% Cu, i.e., binary compositions with maximum cracking 
susceptibility shown in Figure 11. As presented in Figure 12, the steepness of the solidification 
curves reduced significantly with an increase in α parameter, and in some instances, the melt 
solidified completely before reaching the eutectic temperature. The |dT/dfS
1/2| calculated as 
function of α is also presented in Figure 11 where an increase in α shifted the maximum crack 
susceptibility to higher solute concentrations, and the overall magnitude of |dT/dfS
1/2| decreased 
significantly. Notably, the Al-Mg alloy showed a drastic decrease in cracking susceptibility with 
just minor increase in α to a value of 0.05.  
Since α parameter depends on the freezing time, and thus the cooling rate, the magnitude 
of α can change significantly with varying cooling rate. It has been reported that in LPBF, the 
cooling rates are on the orders of 105 to 107 K·s-1, as compared to 101 to 103 K·s-1 found in 
conventional processes such as casting [24, 25]. Therefore, a proper magnitude of α must be 




Figure 12: Temperature vs. fS
1/2 curves calculated from Scheil model for (a) Al-0.5 wt.% Si, (b) 
Al-4.5 wt.% Mg, and (c) Al-1.0 wt.% Cu alloys with variation in contribution from diffusion in 




3.4 Cracking Susceptibility of AA5083 Alloy 
AA5083 with 4.0 ~ 5.0 wt.% Mg, 0.4 ~ 1.0 wt.% Mn [49] is widely used in marine 
applications, and is known to be both castable and weldable [49]. However, investigators Zhou et 
al. [11] clearly demonstrated that processing of corrosion resistant AA5083 by LPBF resulted in 
solidification cracking regardless the LPBF parameter employed.  
In the study by Zhou et al. [11], the cracking density and composition of alloying elements 
were measured as a function of varying scan speed for high and low laser powers of 350 and 200 
W, respectively. The crack density measured was plotted against the concentration of Mg in Figure 
13. Note that the concentration of Mg in the powder feedstock was constant for all AA5083 
samples built, but the change in Mg concentration as a function of scan speed was reported due to 
the evaporation/high-vapor-pressure of Mg from varying heat input due to laser interaction with 
the material in LPBF processing. In other words, higher heat or energy input resulted in a loss of 
Mg, while Mg concentration was retained by lower heat or energy input [10]. Fortunately, the 
optimum LPBF parameters identified that produced dense, crack-free AA5083 with Zr addition 
corresponded to a negligible loss of Mg. As shown in Figure 13(a), an increase in scan speed, 
which corresponds to a lower heat input, produced AA5083 without the loss of Mg concentration, 
which however, corresponded to an increase in crack density.  
To mitigate the solidification cracking, Zhou et al. [11] added  0.7 wt.% Zr to the AA5083, 
so that the primary Al3Zr precipitates can act as heterogenous nucleation sites and eliminate large 
columnar grains associated with solidification cracking. This change in solidification path allowed 
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for an identification of optimum LPBF parameters, in which AA5083+Zr could be built to nearly 
full density without cracks and negligible Mg loss. However, in the study by Zhou et al. [11], even 
with Zr modification, cracking was still observed with faster-than-optimum scan speed, 
presumably due to changes in cooling rate and the effect of diffusion.   
To that end, AA5083 can be examined as a binary Al-Mg alloy. As demonstrated in Figure 
11(b), the maximum cracking susceptibility for the Al-Mg alloy was found at 4.5 wt.% Mg, similar 
to that for AA5083. With a minor increase in α from 0 to 0.05 defined by some diffusion in solid, 
the maximum cracking susceptibility shifts to approximately 6.0 wt.% Mg, and more importantly, 
the overall magnitude reduced significantly as shown in Figure 11(b). Even though the cracking 
susceptibility is not zero when α > 0, the severity of cracking would be significantly lower than 
when α = 0. The variances in Mg concentration in the AA5083 alloy were dependent on varying 
scan speed. Moreover, only a few Mg concentrations were evaluated with no peak in cracking 
severity observed. Therefore, a more complete study would be warranted for binary Al-Mg alloys 






Figure 13: Experimentally measured cracking density vs. concentration of Mg for AA5083 





CHAPTER 4: EXPERIMENTAL METHODS 
4.1 Powder Production and Characterization  
4.1.1 Powder Production 
Metallic powders can be manufactured through various means such as mechanical milling 
of a bulk alloy or through various atomization of liquid metal processes. Mechanical milling 
involves the grinding of metallic alloys with spherical media such as a hard tool steel or ceramic 
(e.g. zirconia, yttria), in a repetitive process [106]. Certain mechanical milling techniques can 
reduce powder sizes down below 10 µm. However, the particle morphology is often globular and 
irregular [106]. For LPBF, flowable powder, inherent of spherical powder, is required for ease of 
re-coating the build plate [4]. Therefore, atomization, which has shown to produce spherical 
powder, with a tailorable powder particle size, has become a popular technique. Atomization 
involves the break-up of liquid molten metal into droplets that solidify into powder [107]. Gas 
atomization is the most common atomization technique, which involves the break-up of a molten 
metal stream through input of high pressure gas, as shown in Figure 14(a).  
In gas atomization, there are a few key parameters: (1) the temperature of the molten liquid, 
(2) the diameter of the nozzle that controls the flow of the molten metal, and (3) the gas pressure. 
The optimized parameter for gas atomization has to be evaluated for each type of metal in order to 
acquire a high yield of powder within a desired powder particle size [107, 108].  
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For the production of customized compositions used in this study, a laboratory scale gas 
atomization system (atomizer manufactured by Dong Yang Induction Melting Furnace Co Ltd., 
Korea), pictured in Figure 14(b), was used for all inhouse powder production. Charge master alloys 
were prebatched and melted in a graphite crucible, heated between 900 and 1100 °C. The 
superheated liquid was then poured into a second graphite crucible that is held between 850 and 
1000 °C. The liquid flow was controlled by an attached nozzle with a 2 to 3 mm orifice diameter. 
As the molten metal flowed through the nozzle, pressurized nitrogen gas, set at 2 to 3 MPa, was 









4.1.2 Powder Characterization 
In order to verify the powder morphology and powder size, it is important to characterize 
the produced/received powder. Groups such as the National Institute of Standards and Technology 
(NIST) released a detailed document, listing the various methods for characterizing powder [109, 
110]. Powders were sieved with a 63 or 75 µm mesh screen for 15 minutes, in accordance with 
ASTM B214 for sieving metallic powders. Subsequently, the powders particle size was measured 
with a laser powder diffractometer (Beckman Coulter LSTM 13 320). Powder particle sizes for 
alloys used in the following studies can be found in APPENDIX B: POWDER 
CHARACTERIZATION. To study powder morphology and cross-section, powder was cold 
mounted in epoxy. After curing, the epoxy puck was polished with SiC and diamond paste, with a 
final finish of 0.05 µm with colloidal silica. Powder morphology and cross-section can be found 
in APPENDIX B: POWDER CHARACTERIZATION. 
4.2 LPBF Processing 
4.2.1 The SLM 125HL LPBF System 
For all LPBF processing, a SLM 125HL (SLM Solutions Group AG, Lubeck, Germany), 
shown in Figure 15, was employed. The SLM 125HL is equipped with a continuous wave Yb 400 
W IPG fiber-laser with a 1070 nm wavelength and Gaussian spot size of approximately 70 μm 
[111]. The build plate was pre-heated to 100 ºC (200 ºC maximum for SLM 125HL). Al-alloy and 
Mg-alloy builds were performed in an inert nitrogen and argon atmosphere, respectively, in which 





Figure 15: The SLM 125HL used for all experiments, shown in our laboratory. 
 
4.2.2 Parametric Investigation and LPBF Process 
To study the effects of composition and LPBF processing parameters on flaw/defect 
percentage and crack susceptibility, 12 mm x 12 mm x 12 mm cubes were built with the SLM 
125HL for each composition with varying processing parameters. Processing parameters could be 
varied independently for each cube. Therefore, a processing parametric cube set involved an array 
of cubes as pictured in Figure 16; in each row of cubes, one parameter was varied, while the rest 
were held constant. 
The cubes were built 4 mm above the build plate, supported underneath with a typical block 
support structure that consisted of 0.2 mm thick walls separated every 0.8 mm. No re-melting 
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strategies such as bordering, or contouring were employed to reduce the effects of other processing 
conditions as well as the preserve the last layer melted on the top of the parts. The final layer 
melted is important because it reveals the true solidification of the alloy after laser scanning, not 
affected by re-melting or thermo-cycling from consecutive layers as shown in Figure 17. In order 
to study the final melt pool structure in some alloys, the last layer scanned was such that there was 
ease of cross-sectioning.  
 
 





Figure 17: Optical images of the cross-section of the top of cubes for Al-alloy AA5083 
processed at (a) high and (b) low energy density. The last layer melted can be clearly observed, 
and therefore studied.  
 
4.3 Density Measurements 
Once the cubes are removed from the build plate, all sides, except the top of the cube, are 
ground with 120 girt SiC paper to remove surface roughness and any remaining support structure. 
For cleaning, the cubes are then sonicated in ethanol for 5 minutes. 
After cleaning, the cubes are subjected to density measurements via the Archimedes 
method described in ASTM B962. The cubes are floated in distilled water kept at 25 °C. Density 
is calculated by taking the ratio between the dry weight and wet weight during floating in the 
distilled water. A relative density can then be obtained by comparing the measured density to a 
reference density. The weights are measured three times for a standard deviation.  
Even though the Archimedes method is well proven for determining volumetric density, it 
is difficult to obtain the exact theoretical density, to use as the reference density, for each sample 
49 
 
due to compositional and microstructural effects. Therefore, relative density is also measured 
through image analysis of cross-sections of the cubes. To do this, the cubes were cut with a 
diamond saw both parallel and perpendicular to the build direction, referencing these cuts as the 
XZ and XY planes respectively, as shown in Figure 18. The cross-sections were mounted in epoxy 
for ease of handling. After the epoxy cured, the samples were polished with SiC and diamond 
paste, with a final finish of 0.05 µm using colloidal silica. Samples were then imaged with optical 
microscopy, and analyzed for pore/defect percentage.  
Optical microscopes (Nikon Metaphot and Reichart-Jung MeF3) were utilized to image the 
XZ and XY cross-sections of the cubes produced by LPBF for processing defect percentage 
including, but not limited to, pores and cracks. Six micrographs were taken at 100X for each 
sample and were processed with a thresholding technique to determine defect percentage utilizing 
the ImageJ software (National Institutes of Health). A relative density was then calculated based 
on the flaw/defect content. Furthermore, when appropriate, the intersect method described in 
ASTM was utilized to measure the crack density. A total of five lines, the width of the image 
(approximately 1000 µm in length), were drawn and utilized on each of the five optical images 
used in the defect analysis. Crack-intersect counting was performed with the ImageJ software. 
Crack density was taken as the average number of intersects divided by the image length 





Figure 18: Coordinate system used in description of LPBF built parts. 
 
4.4 Microstructural and Phase Analysis 
Powder morphological features and cross-section as well as the cross-sections of the LPBF 
cubes were characterized with optical microscopy, Field-Emission Scanning Electron Microscopy 
(FE-SEM), and X-ray Energy Dispersive Spectroscopy (XEDS). Further microstructural analysis 
was performed on select LPBF Mg samples with Transmission Electron Microscopy (TEM).  
For select samples, constituent phase analysis was performed using a Panalytical Empyrean 
X-ray diffractometer (XRD), set-up with Cu Kα radiation operated at 45 kV and 40 mA. The θ-2θ 
scan was performed from 15-90° with a step size and acquisition time of 0.008° and 0.4 s per step, 
respectively. Microstructure of selected samples were examined with OM and FE-SEM. Keller’s 
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Reagent (95 vol.% distilled water, 2.5 vol.% nitric acid, 1.5 vol.% hydrochloric acid, and 1.0 vol.% 
hydrofluoric acid) and Picric acid etchant (1 vol.% picric acid in distilled water) were used to 
reveal the microstructure for Al- and Mg-alloys, respectively. Compositional analysis was 
performed using XEDS equipped on FE-SEM. Detailed analyses for phase constituents and 
microstructure for select samples were further carried out by using FEI/ Tecnai™ F30 300 kV 
TEM. In-Situ Lift-Out (INLO) technique was employed to obtain site-specific TEM thin foils by 
using a FEI TEM200 Focused Ion Beam (FIB). Analyses performed on the TEM included bright 
field imaging, High Angle Annular Dark Field (HAADF) imaging, Selected Area Electron 
Diffraction (SAED), High Resolution TEM (HRTEM), associated Fast Fourier Transform (FFT), 
and Si-drift XEDS (EDAX) equipped on the TEM. Image analysis and standardless quantitative 
compositional analysis was performed with Digital Microscope (Gatan) and Tecnai Imaging & 
Analysis (TIA, FEI) softwares.  
4.5 Heat Treatment 
For Al- and Mg-alloys, there are two typical heat treatments, denoted as T6 and T5. A T6 
heat treatment involves solutionizing the metal at high temperature, quenching to room 
temperature, then subsequently ageing the metal at lower temperature in order to precipitate 
secondary phases. A T5 heat treatment is similar to the T6, but skips solutionizing at high 
temperature, just direct ageing after processing.  A schematic of a typical heat treatment cycle for 
the T6 and T5 heat treatments is shown in Figure 19. 
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Al- and Mg-alloys cannot be heat treated at higher temperature in air due to their high 
affinity of oxygen and their high vaporization pressure. Therefore, all samples are sealed in a 
quartz tube and are pumped down to < 8*10-6 torr before backfilling with high purity argon gas. 
The samples are then placed in a furnace. Details on heat treatment temperature will be listed in 
each chapter as appropriate.  
 
Figure 19: Schematic of typical heat treatment cycle for Al- and Mg-alloys. 
 
4.6 Mechanical Behavior Testing  
For the assessment of mechanical behavior, hardness measurements as well as tensile and 
compression testing were performed for the various alloys investigated. As shown in Figure 20, 
cylindrical rods, 12 mm in diameter and 12 mm in height, were built for compression testing, while 
the traditional dog-bone specimens with a gauge length of 25 mm were built for tensile testing, in 
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accordance with ASTM E8M-3856. All sides of the tensile and compression specimens were 
polished down to 1200 grit with SiC grinding paper. An MTSTM instrument was used to perform 
all tensile and mechanical testing. The strain deformation was measured and recorded by a digital 
image correlation (DIC) camera positioned perpendicular to the loading direction. The DIC system 
consisted of a Tokina AT-X Pro macro 100 mm −f/2.8−d lens with a resolution of 2448 × 2048 
and VIC-2D 2009 software by Correlated Solutions, Inc. The capture frequency was 1 Hz. 
For individual samples, the extent of mechanical testing is as follows: 
• For the AlSi10Mg samples, Vickers hardness measurements were carried out with a 
LECO LV700. A 10 kg weight was applied for 5 s, held for 5 s, and then unloaded. All 
measurements were performed on the XZ cross-section after polishing to 0.05 µm with 
colloidal silica. Five measurements were taken for a standard deviation.  
• For the binary Al-Si compositions and WE43 alloys, tensile testing was performed with a 
quasi-static strain rate of 4x10−4 s-1. As shown in Figure 20(b), traditional dog-bone 
specimens with a gauge length of 25 mm were built for tensile testing, in accordance with 
ASTM E8M-3856. Three specimens were tested for each alloy for consistency.  
• Bulk WE43 were tested in compression with a quasi-static strain rate of 4x10−4 s-1. As 
shown in Figure 20(a), cylindrical rods, 12 mm in diameter and 12 mm in height, were 
built for compression testing of bulk WE43. Three specimens were tested for consistency.  
• The WE43 lattices were compressed with a quasi-static strain rate of 7x10−4 s-1. 
Compressive forces were applied along the build direction. The total strain was measured 
from the crosshead displacement as the extensive deformation would not allow for 
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correlation between consecutive images with the DIC. The total stress was calculated by 
dividing the cross-sectional area of the lattice by the load.  
 
 
Figure 20: Drawing of (a) compression cylinders and (b) dog-bone tensile specimens. All units 





CHAPTER 5: UNDERSTANDING THE LASER POWDER BED FUSION 
OF ALSI10MG ALLOY 
A percentage of the work contained in this chapter was published in Metallography, 
Microstructure, and Analysis and Journal of Phase Equilibria and Diffusion.  
Hyer, H., Zhou, L., Park, S., Gottsfritz, G., Benson, G., Tolentino, B., McWilliams, B., 
Cho, K., Sohn, Y. (2020). Understanding the laser powder bed fusion of AlSi10Mg alloy. 
Metallography, Microstructure, and Analysis. [26] 
Hyer, H., Zhou, L., Mehta, A., Sohn, Y. (2020). Effects of alloy composition and solid-
state diffusion kinetics on powder bed fusion cracking susceptibility. Journal of Phase Equilibria 
and Diffusion. [96] 
5.1 Optimization Processing Parametric Study 
5.1.1 Effect of Varying Laser Power and Hatch Spacing 
To examine the effect of laser power, LPBF of Al10SiMg was carried out using laser 
powers of 150, 200, 250, 300 and 350 W, while the scan speed, hatch spacing, and slice thickness 
were held constant at 1200 mm/sec, 0.13 mm, and 0.03 mm, respectively. This is listed as series I 
experiment in Table 3. As shown in Figure 21(a), the highest relative density observed was 
accomplished using a laser power of 250 W; the relative density decreased when the power utilized 
was lower or higher than 250 W. Figure 21(b), Figure 21(c) and Figure 21(d) presents as-polished 
optical micrographs from selected cubes; dark contrast features correspond to flaws in the as-built 
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alloy. As shown in Figure 21(b), Figure 21(c) and Figure 21(d), a greater number of flaws existed 
at lower (150 W) and higher (350 W) laser powers. The flaws in the cubic sample produced with 
150 W were irregular in shape as shown in Figure 21(b), and thus are most likely due to lack of 
fusion, i.e., residuals of inter-particle space. Use of high power (350 W), higher than optimal laser 
power of 250 W, produced significantly more flaws that were spherical in shape as presented in 
Figure 21(d). They are likely the gas trapped pores that form during solidification. Therefore, 
variation in power (while the scan speed, hatch spacing, and slice thickness were held constant at 
1200 mm/sec, 0.13 mm, and 0.03 mm, respectively) corresponding to the variation in energy 
density, 32, 43, 54, 64 and 75 J/mm3, produced insufficient fusion at lower energy density, highest 





Figure 21: (a) Relative density as a function of laser power (series I). Scan speed, hatch 
spacing, and slice thickness were held constant at 1200 mm/sec scan speed, 0.13 mm hatch 
spacing and 0.03 mm slice thickness. Representative optical micrographs from samples built 
with laser power of (b) 150 W, (c) 250 W, and (d) 350 W. 
 
Figure 22(a) presents the relative density determined from cube samples produced by 
varying the hatch spacing from 0.09 to 0.17 mm, while the laser power, scan speed, and slice 
thickness were held constant at 250 W, 1200 mm/sec, and 0.03 mm, respectively. This is listed 
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as series II experiment in Table 3. Although the variation was not significant, the highest relative 
density was observed when a hatch spacing of 0.13 mm was used; the relative density decreased 
when the hatch spacing was lower or higher than 0.13 mm. Shown in Figure 22(b) are the larger 
pores observed in the sample made with the smallest hatch spacing, e.g., 0.09 mm, corresponding 
to the energy density 77.2 J/mm3. However, variation in relative density was somewhat 
negligible as a function of hatch spacing, when the appropriate laser power, scan speed, and slice 





Figure 22: (a) Relative density as a function of hatch spacing (series II). Laser power, hatch 
spacing, and slice thickness were held constant 250 W power, 1200 mm/sec scan speed and 0.03 
mm slice thickness. Representative optical micrographs from samples built with hatch spacing of 
(b) 0.09 mm, (c) 0.13 mm, and (d) 0.17 mm. 
 
Table 3: Laser powder bed fusion parameters examined for the measurement of relative density 























































































































































































































































































































































































































































































5.1.2 Effect of Varying Scan Speed 
The influence of laser power varied between 150 to 350 W and hatch spacing varied 
between 0.09 to 0.17 mm were distinctive, but the relative density only varied between 94 to 99 
%. To that end, the laser scan speed can be varied over a wide range as reported by series III 
experiment in Table 3; laser power, hatch spacing and slice thickness were held constant at 250 
W, 0.13 mm, and 0.03 mm, respectively. Figure 23 presents the cross-sectional secondary electron 
micrographs of these samples. At lower scanning speed below 1200 mm/sec, corresponding to 
high energy density, circular pores were frequently observed. In the scan speed range, 1200 to 
2000 mm/sec, a negligible number of flaws was observed. With scan speeds higher than 2000 
mm/sec and up to 10000 mm/sec, a significant number of flaws were observed, and these flaws 
appeared to be due to lack of fusion, i.e., residuals of interparticle space. One could argue that the 
hatch spacing can be modified to promote a better fusion, but, as was discussed earlier using Figure 
21(b), varying the hatch spacing, at least within the range examined in this study, may not be an 
effective way to control and/or improve the relative density. 
Figure 24 presents characteristics of cubic samples built with varying scan speed, from 100 
to 5000 mm/sec, while the laser power, hatch spacing, and slice thickness were held constant at 
250 W, 0.13 mm, and 0.03 mm respectively. Relative density greater than 99 % was achieved in 
cubic samples built with scan speeds between 1200 to 2000 mm/sec as presented in Figure 24(a). 
The same density data as a function of energy density is presented in Figure 24(b), and it 
demonstrated that the optimal energy density range is between 32 to 54 J/mm3. At an energy 
density above 100 J/mm3, the magnitude of relative density appeared to plateau to a low value of 
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~93 %. With a decrease in energy density below 30 J/mm3, there is a sharp decrease in relative 
density down to 85 %. The lowest energy density of 6.41 J/mm3, which corresponds to the scan 
speed of 10,000 mm/sec produced cubic sample that was only partially sintered with little to no 





Figure 23: Secondary electron micrographs from the cross section parallel to the build direction, 
XZ plane, of LPBF AlSi10Mg cubes (series III) built at different scan speeds/energy densities. 
Laser power, hatch spacing, and slice thickness were kept constant at 250 W and 0.13 mm, and 





Figure 24: Relative density for cubes built with (a) varying scan speed and (b) the corresponding 
energy density. (c) Porosity circularity and (d) Vickers hardness variation as a function of scan 
speed. Laser power, hatch spacing, and slice thickness were kept constant at 250 W, 0.13 mm, 
and 0.03 mm respectively. 
 
Figure 24(c) plots the scan speed vs. flaw circularity. The flaw circularity describes the 
circularity of the flaw to a perfect circle: 1 is a perfect circle and the value less than 1 represents 
elongation and/or distortion of the circle. Circular flaws with circularity near 1 would more likely 
correspond to gas trapped pores, while circularity much lower than 1 would correspond to flaws 
originating from insufficient melting, i.e., interparticle space residuals. Flaws that formed at lower 
scan speed, viz., high energy density, are more circular than those found in samples produced with 
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higher scan speed, viz., low energy density. When the LPBF parameters and the corresponding 
energy density used are closer to the optimal range (32 to 54 J/mm3), circularity is high (< 0.9) as 
presented in Figure 24(c), and the volume fraction of these pores is at its minimum as presented in 
Figure 24(a). In addition, Figure 24(d) shows that the hardness was approximately 114 to 120 
VHN when the AlSi10Mg alloy was made with optimal scan speed range of 1200 to 2000 mm/sec, 
which corresponded to an energy density range of 32 to 54 J/mm3. The hardness as a function of 
scan speed shown in Figure 24(d) corresponds well to the relative density variation shown in 
Figure 24(a), i.e., an increase in porosity decreased the hardness. 
5.1.3 Effect of Varying Slice Thickness 
The optimum energy density range obtained from series III, 32 to 54 J/mm3, was based on 
using a constant slice thickness of 0.03 mm. It is probable that a variation in the slice thickness 
would change the depth of penetration needed by the laser for adequate fusion. Therefore, cubic 
samples were built by using different slice thickness, i.e., 0.06 and 0.09 mm as series IV and V 
experiments reported in Table 3. For series IV and V, scan speed was also varied for a more 
comprehensive characterization as a function of scan speed so that the results from series III 
experiments can be also used for comparison. Figure 25 shows optical micrographs of the cubes 
built using different slice thicknesses, which corresponded to three different energy densities, ~40, 
~54 (optimum), and 80 to 85 J/mm3. As expected, at an energy density higher than the optimum 
value, a significant number of pores was observed for all three slice thicknesses used as presented 
in Figure 25(a). Moreover, the size of pores appeared to increase as the slice thickness increased. 
Also as expected, optimum energy density, ~54 J/mm3 with the 0.03 mm slice thickness produced 
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the least number of pores. Surprisingly, even though the energy density remained constant, a 
significant number of pores were observed when the slice thickness was increased to 0.06 and 0.09 
mm as presented in Figure 25(b). These cubic samples from series IV and V were built with 
constant power of 250 W and constant hatch spacing of 0.13 mm. So, in order to keep the energy 
density constant at ~54 J/mm3, the variation in slice thickness, 0.03, 0.06, and 0.09 mm 
necessitated the variation in scan speed according to Eq. (1). In other words, as the slice thickness 
increased, the scan speed was decreased to keep the energy density constant, which lead to 
formation of excessive pores. This result demonstrates the limitation (or variation sensitivity) of 
using energy density, viz. Eq. (1), particularly when both slice thickness and scan speed are varied 
during LPBF. Figure 25(c) shows that the energy density of 40 J/mm3, still within the acceptable 
range, produced dense cubes when the slice thickness remained at 0.03 mm. However, similar to 
the result shown in Figure 25(b), more pores were observed as the slice thickness increased as 





Figure 25: Optical micrographs from the cross-section parallel to the build direction, XZ plane, 
of cubes produced with different slice thickness using different energy density. Laser power and 
hatch spacing were kept constant at 250 W and 0.13 mm, respectively. 
 
Figure 26 presents the amount of flaw and/or porosity measured through image analysis of 
optical micrographs and demonstrates that high density samples (< 98 %) can still be produced by 
using different slice thicknesses. However, the processing window of LPBF, with scan speed as a 
variable, narrows considerably as the slice thickness is increased. In other words, use of slice 
thickness of 0.03 mm allows for the wide range of scan speed, 1200 to 2000 mm/sec, to produce 
AlSi10Mg components with high relative density above 99 %. When the scan speed plotted in 
Figure 26(a) is converted to energy density with different slice thickness in Figure 26(b), the 
following optimum energy density ranges were determined. For clarity, energy density below 15 
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and above 115 J/mm3, both yielding high flaw or porosity content, were omitted in Figure 26(b). 
For a slice thickness of 0.03 mm, the optimum energy density range, with porosity content less 
than 1 %, was found between 1200 to 2000 mm/sec (32 to 55 J/mm3); for a slice thickness of 0.06 
mm, the optimum energy density range, with porosity content < 1 %, was found between 800 to 
1100 mm/sec (29 to 40 J/mm3); for a slice thickness of 0.09 mm, the energy density range, with 
porosity content less than 3 %, was found between 800 to 1000 mm/sec (21 to 27 J/mm3). Clearly 
the slice thickness should not be greater than the larger powders, i.e., D90 of 66 μm. Moreover, 
the above observation also contradicts the intuitive assumption that more energy density is needed 
for penetration of a thicker powder bed layer, since porosity content is in fact minimized at lower 
energy density when a greater slice thickness is used. This result further demonstrates the 





Figure 26: Variation in the amount of flaw and/or porosity as a function of (a) scan speed and (b) 
the corresponding energy density at three different slice thicknesses: 0.03, 0.06, and 0.09 mm. 
Laser power and hatch spacing were held constant 250 W and 0.13 mm. 
 
5.2 Melt Pool, Cellular Structure, and Estimation of Cooling Rate 
Microstructure corresponding to consecutive melt pool formation was observed in all 
samples examined in this study as presented in Figure 27. Looking perpendicular to the build 
direction, typical “fish-scale” melt pool microstructure was observed as presented in Figure 27(a), 
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Figure 27(c,) and Figure 27(d). Parallel to the build direction, discontinuous melt pool tracks were 
observed as shown in Figure 27(b) due to the scan rotation of 67° employed in this study. Zhou et 
al. [21], using transmission electron microscopy (TEM), reported that a cellular network consisting 
of Al-Si eutectic structure in a primary α-Al matrix was observed for the as-built AlSi10Mg alloy, 
and that the cellular microstructure was generally coarser along the melt pool boundary. Similar 
microstructural features were observed as presented in Figure 27 including the coarser cellular 
microstructure near the melt pool boundaries as indicated in Figure 27(d). Moreover, the cellular 
structures near the melt pool boundary were more equiaxed than those within the melt pool where 
elongated columnar grains existed. This difference in morphology and size of the cells would be 
due to a difference in cooling/solidification rate. Cells near the melt pool boundary would be the 
first to solidify at the solid-liquid interface, allowing for a nucleation-dominated equiaxed cells. 
Cells within the melt pool would grow according to the direction of the thermal gradient, radially 





Figure 27: Optical images of the LPBF AlSi10Mg (a) parallel to the build direction (XZ plane), 
and (b) perpendicular to the build direction (XY plane). Secondary electron image of the XZ 
plane at (a) low and (b) high magnification. Processed with a laser power, scan speed, hatch 
spacing, and slice thickness of 250 W, 1200 mm/sec, 0.13 mm, and 0.03 mm, respectively.  
 
At higher magnification, the Al-Si eutectic cellular network was observed as presented in 
Figure 28. These secondary electron micrographs were acquired perpendicular to the build 
direction to minimize the variation of cell size and morphology from the thermal gradient that 
exists parallel to the build direction. Measurement of cell size was carried out using 14 samples 
built with varying scan speed, ranging from 100 to 3400 mm/sec. Overall, the cell size was found 
to be 0.2 to 0.7 µm. Similar findings reported by Thijs et al. [38], who measured the cell size to be 
between 0.4 and 0.7 µm. Laser power, hatch spacing and slice thickness in these samples were 
held constant at 250 W, 0.13 mm and 0.03 mm, respectively (i.e., series III experiment). As the 
scan speed increased, the cell size decreased noticeably as seen in Figure 28. To that end, cell size 
was measured utilizing an automatic size determination with image analysis (ASTM E1382) by 
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using ImageJ. The cell size measurements at different scan speeds are reported in series III in Table 
3 and plotted in Figure 29(a). 
 
 
Figure 28: Secondary electron micrographs of Al-Si sub-grain cellular network observed along 
the XY plane at a scan speed of (a) 100 mm/sec, (b) 400 mm/sec, (c) 1200 mm/sec, and (d) 2600 
mm/sec. Micrographs were taken from the samples built with a laser power, hatch spacing, and 
slice thickness were held constant at 250 W, 0.13 mm, and 0.03 mm, respectively. 
 
Cooling rate, Ṫ, was then estimated using an phenomenological method that relates the 
secondary dendrite arm spacing (SDAS, λ2) to the cooling rate [25] as given by: 




In this calculation, the measured cell size was used in leu of the SDAS, and the pre-exponential 
constant (K = 43.2) and exponent (n = 0.324) were taken from Matyja et al. [112] for Al alloy.  
 
 
Figure 29: (a) Average cell size of series III samples measured by image analysis and (b) 
calculation of cooling rate from cell size measurements. 
 
The cooling rate was also estimated based on the Rosenthal equation [113] in Eq. (3) that 
describes the change in temperature of a moving point source, which can be related to the scanning 
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laser in the LPBF process. For use of Eq. (3), the laser absorptivity, laser power, and κ were taken 
as 0.35 for AlSi10Mg from [25], 250 W, and 150 W/m·K from [25], respectively.  
The estimated cooling rates using the measured cell size, i.e., Eq. (18) and those using 
Rosenthal estimation, i.e., Eq. (3) are presented in Figure 29(b). In general, cooling rate was 
estimated between the orders of 105 to 107 K·s-1 corresponding to the energy density of 19 to 641 
J/mm3, and decreased with a higher energy density (or lower scan speed). The cooling rates 
determined using Eq. (18) based on the SDAS measurement closely followed those calculated 
from the Rosenthal equation in Eq. (3). The cooling rate of 105 to 107 K·s-1 is similar to that 
reported by Tang et al. [25] on determination of cooling rate from the cellular structure found in 
AlSi10Mg, who also estimated the cooling rate of LPBF AlSi10Mg from the Rosenthal equation 
estimating a cooling rate of ~ 106 K·s-1.  
To help understand if a similar correlation between cooling rate and scan speed can be 
identified with varying slice thicknesses, further cell size measurements were performed on 
samples from series IV and V in Table 3. Figure 30(a) shows measured cell sizes as a function of 
scan speed for three different slice thicknesses, 0.03, 0.06, and 0.09 mm. As the scan speed 
increased and slice thickness increased, the cell size decreased. Correspondingly, Figure 30(b) 
presents an increase in cooling rate with an increase in scan speed more so as slice thickness 
increased. This would suggest that the thermal cycling from the repeated melting (and heating) 
layer by layer affects the microstructure. Use of smaller slice thickness, i.e. 0.03 mm, would 
promote more repetition of melting and heating, and thus, the larger cells corresponding to lower 




Figure 30: (a) Average cell size samples measured by image analysis and (b) calculation of 
cooling rate from cell size measurements for three different slice thicknesses (0.03 mm, 0.06 
mm, 0.09 mm). 
 
Since this thermal-cycling, i.e., repeated heating/melting and solidifying/cooling, affects 
the overall microstructure, one would expect different microstructural development between the 
first layer melted found at the bottom of the cube, and the last layer melted found at the top of the 
cube. Figure 31 presents secondary electron micrographs taken from the top and bottom of the 
cubic samples produced using three different slice thicknesses (0.03, 0.06, and 0.09 mm) at a 
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constant laser power, scan speed, and hatch spacing of 250 W, 1200 mm/sec, and 0.13 mm, 
respectively. The microstructure near the top layer for each slice thickness has distinct radial 
alignment of the cells in the melt pools. Moreover, the Al-Si eutectic defining the cell boundaries 
is continuous near the top layer of the cube. Near the bottom layer of the cube, at a slice thickness 
of 0.03 mm and 0.06 mm, the Al-Si eutectic defining the cell boundaries is somewhat 
discontinuous. To further document the difference in the microstructure between the top and 
bottom of the cube, Figure 32 presents secondary electron micrographs and accompanying 
schematics for the top and bottom region of the sample built with laser power, scan speed, slice 
thickness and hatch spacing of 250 W, 1200 mm/sec, 0.03 mm, and 0.13 mm, respectively. As 
Zhou et al. [21] reported, heat treatment, i.e., thermal energy input, of AlSi10Mg would result in 
coalescence of the Al-Si cellular structure containing web-like Si network into Si particles. 
Therefore, the continual thermal cycling of the consecutive layers was enough to heat treat and 
partially break up the Al-Si eutectic cell boundaries, which would lead to spheroidization of Si 
particles. With a larger slice thickness, i.e. 0.09 mm, however, the thermal cycling has not shown 
to be enough to break-up the Al-Si eutectic; presumably due to the higher cooling rate as there is 





Figure 31: Secondary electron micrograph of the XZ plane of representative microstructure 
observed at the top and bottom layers of the 12 mm x 12 mm x 12 mm cubic samples built with 
three different slice thicknesses: 0.03, 0.06, and 0.09 mm. Laser power, scan speed, and hatch 




Figure 32: Secondary electron micrographs of the XZ plane from the (a) last solidified top and 
(b) first solidified bottom layers of cubic samples built with laser power, scan speed, slice 
thickness and hatch spacing of 250 W, 1200 mm/sec, 0.03 mm, and 0.13 mm, respectively. 
Accompanying schematics illustrate the break-up of web-like Si network at the (c) top and (d) 
bottom layers. 
 
Liu et al. [114] performed a study on measuring the grain size of LPBF AlSi10Mg as a 
function of laser power, and found that lower laser power and low energy density produced finer 
grains. In their study, the energy density employed was, in general, low, and therefore one can 
surmise that the cooling rate would have been faster, closer to 107 K·s-1, prohibiting any growth of 
the grains. Similar behavior, although not quantified, was observed in the sub-grain cellular 
structure observed in this study. The fine cellular structure of AlSi10Mg gives rise to its strength, 
as compared to as-cast or wrought AlSi10Mg [15, 21, 39, 115]. The multitude of eutectic cell 
boundaries would act as barriers to dislocation movement as per the Hall-Petch strengthening 
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[116]. However, with an increase in scan speed, which may promote the formation of finer cellular 
structure, excessive formation of lack-of-fusion flaws would become the adverse phenomenon.  
In addition to the cell size measurements, melt pool depth and width were measured from 
the very top layer as presented in Figure 33, where symmetry is assumed for width measurements. 
An increase in melt pool depth and width with an increase power is reported in Table 3. As a 
function of scan speed and slice thickness, the samples examined were built with constant laser 
power and hatch spacing of 250 W and 0.13 mm, respectively. As reported in Table 3 and Figure 
34, melt pool depth and width and depth to width ratio decreased with an increase in scan speed, 
i.e., a decrease in energy density. As the scan speed increased, the melt pool depth and width 
appear to decrease asymptotically, however, the melt pool width and depth did not vary drastically 
between the scan speed range of 1200 to 2000 mm/sec. Moreover, the depth to width ratio did not 
vary much between 0.6-0.7 for the scan speed range of 1200 to 2000 mm/sec. This suggests that, 
in this optimum scan speed range, this melt pool geometry allows for sufficient melting and 
solidification without pore formation. Moreover, the asymptotic decrease observed in Figure 34 is 
similar to that of Figure 29(a) at higher scan speeds. In the optimized scan speed range, 1200 to 
2000 mm/sec, the melt pool depth and width did not vary significantly with varying slice thickness. 
Therefore, the energy input at constant laser power, scan speed, and hatch spacing may be similar 




Figure 33: Optical micrographs of melt pools from the XZ plane from the last layer solidified in 
AlSi10Mg samples as a function of scan speed: (a) 100 mm/sec, (b) 400 mm/sec, (c) 1200 
mm/sec, and (d) 2600 mm/sec. Laser power, hatch spacing, and slice thickness were held 




Figure 34: Melt pool (a) depth, (b) width, (c) depth to width ratio vs. scan speed for different 
slice thicknesses (series III-V in Table 3). Laser power and hatch spacing was kept constant at 




5.3 Cracking Susceptibility and Effect of Diffusion for LPBF AlSi10Mg 
As shown in Figure 27 and Figure 28, a web-like, sub-grain cellular-solidification structure 
defined by the Al-Si eutectic at the intercellular boundaries, was observed. In addition, the size of 
the cellular structure increased with a decrease in laser scan speed as shown in Figure 29 and 
Figure 30. This change in cell size was attributed to the change in cooling rate based on the LPBF 
parameters employed, which changes the energy input. For the LPBF parameters examined, the 
cell size and cooling rate were found to be approximately 0.2 to 0.7 µm and 105 to 107 K·s-1, 
respectively.  
Using the experimental results for LPBF AlSi10Mg alloy, α was determined with Eq. (16) 
as shown in Figure 35. The tf from Eq. (17) was calculated employing a ∆T of 18 K for Al-10 wt.% 
Si, and the Ṫ calculated using Eq. (18) for each respective cell size from experimental results [26]. 
A DS of 10
-12 m2·s-1 for Al-Si at 600 °C was taken from [117]. As presented in Figure 35(a), α 
varied between 0.0001 and 0.00035, and its magnitude increased with an increase in cell size as 
the scan speed decreased. Consequently, an increase in scan speed yielded a faster cooling rate, 
which corresponded to a decrease in α as shown in Figure 35(b). In other words, hypothetically, 
continuously decreasing the scan speed (towards a stationary laser beam) would increase α, 
allowing for limited diffusion in solid to occur. However, excessive formation of keyhole porosity 
at very low and impractical scan speeds for the AlSi10Mg alloys was found as shown in Figure 
24. Therefore, for LPBF, the likely magnitude of α is less than 0.00035, suggesting that the 




Figure 35: Calculated diffusion parameter from Eq. (16) vs. (a) cell size and (b) cooling rate 
calculated for LPBF AlSi10Mg alloys. 
 
Of course, Eq. (16) for α depends on the diffusion coefficient in solid (DS). For this study, 
a DS of 10
-12 m2·s-1 for Al-Si at 600 °C was utilized based on literature [117]. However, α can 
change significantly with slight variance of DS, for example with ternary alloying addition such as 
Mg. Moreover, the high cooling rates in LPBF may lead to di- and tri-vacancy formation near the 
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solid-liquid interface, allowing for more diffusion. Consequently, determining a suitable DS can 
be difficult [118]. Therefore, for varying SDAS (100 to 700 nm, based on those experimentally 
observed in AlSi10Mg alloys shown in Figure 35), α was calculated as a function of DS as shown 
in Figure 36. As the DS increased, the α parameter increased at a constant cooling rate, which 
would reduce the crack susceptibility. At high temperatures (similar to found in LPBF), the DS at 
the interface boundary between the solid and liquid during solidification may be exceedingly 
higher than farther into the bulk solid [119], allowing for potential assistance of diffusion.  
 
Figure 36: Variation in diffusion parameter α as a function of the solid-state diffusion coefficient, 
DS, for varying SDAS. Plotted for Al-10.0Si, which has a corresponding freezing range of 18 K. 





Cubic samples (i.e., 12 mm x 12 mm x 12 mm) were built from gas atomized AlSi10Mg 
alloy powders utilizing LPBF in order to examine the influence of (1) laser power, (2) hatch 
spacing, (3) scan speed, and (4) slice thickness on the relative density (porosity/flaw content): 
(1) Variation in laser power (while the scan speed, hatch spacing, and slice thickness were held 
constant at 1200 mm/sec, 0.13 mm, and 0.03 mm, respectively) corresponding to the variation 
in energy density, 32, 43, 54, 64 and 75 J/mm3, produced insufficient fusion at lower power 
(or energy density), highest density sample at 250 W (or 54 J/mm3), and excessive key-hole 
porosity at higher power (or energy density).  
(2) While the laser power, scan speed, and slice thickness were held constant at 250 W, 1200 
mm/sec, and 0.03 mm, respectively, change in hatch spacing from 0.09 to 0.17 mm produced 
highest relative density samples at 0.13 mm. However, the changes in relative density due to 
changes in hatch spacing range examined in this study were somewhat insignificant compared 
to other processing parameters examined in this study. 
(3) Varying scan speed to extremes highlighted the development of flaws in AlSi10Mg alloy 
samples. In general, low scan speed corresponding to high energy density produced spherical 
gas-trapped pores while high scan speed corresponding to low energy density produced lack-
of-fusion flaws (i.e., residual interparticle space). A large processing window with > 99 % 
relative density sample was produced using scan speed range of 1200 to 2000 mm/sec at a 
laser power, hatch spacing, and slice thickness of 250 W, 0.13 mm, and 0.03 mm, 
respectively. Following the energy density equation, this processing window occurs between 
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32 to 54 J/mm3. Consistently, the Vickers hardness was the highest, 114 to 120 VHN, at the 
optimized sample scan speed range of 1200 to 2000 mm/sec.  
(4) An increase in the slice thickness increased the amount of flaw formed as the need for a higher 
energy input to penetrate the powder layer was increased. Overall, the LPBF processing 
window for > 99 % dense sample increased with a decrease in slice thickness.  
In addition, microstructural development examined as functions LPBF parameters 
provided the following findings: 
(1) Within the typical melt pool structure, a fine sub-grain cellular structure was observed 
defined by a web-like Si network in an α-Al matrix. The cellular structure appeared coarser 
and more equiaxed near the melt pool boundary, while, within the melt pool, they were 
smaller, but elongated radially towards the center of the melt pool.  
(2) The size of cellular structure decreased with an increase in the scan speed while other 
parameters were held constants.  
(3) From the cell size measurements, cooling rate was determined to be around 105 to 107 K·s-1. 
This cooling rate was in good agreement with that calculated using the Rosenthal equation.  
(4) An increase in slice thickness decreased the cellular structure size which corresponded to an 
increase in cooling rate. At slice thicknesses of 0.03 mm and 0.06 mm, the microstructure of 
the first layer melted, at the bottom of the cube, had many discontinuous Al-Si eutectic 
boundaries, whereas the last layer melted at the top of the cube showed well-defined, 
continuous Al-Si eutectic networks. Moreover, no discontinuous Al-Si eutectic boundaries 
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were found in the cubic sample printed with a 0.09 mm slice thickness. This microstructural 
difference was explained based on repetition of heating/melting and solidification/cooling.  
(5) Melt pool width and depth increased with an increase in laser power and decreased with an 
increase in scan speed. At the optimized scan speed range identified at 1200 to 2000 mm/sec, 
the melt pool depth and width did not vary significantly even with increasing slice thickness. 
This suggested that the energy input remained constant as a function of slice thickness 
examined when laser power, scan speed, and hatch spacing were held constant. 
(6) Understanding that the assistance of diffusion is dependent on the cooling rate (freezing 
time), the extent of assistance from diffusion may be minimal in LPBF where the cooling 






CHAPTER 6: SOLIDIFICATION CRACKING AND 
MICROSTRUCTURAL DEVELOPMENT IN BINARY AL ALLOYS WITH 
0.5, 1.0, 2.0, 4.0, 12.6, AND 16.0 WT.% SI DURING LASER POWDER BED 
FUSION 
6.1 Experimental Methods 
Evaluation of the cracking criterion proposed in CHAPTER 3: EFFECTS OF ALLOY 
COMPOSITION AND SOLID-STATE DIFFUSION KINETICS ON POWDER BED FUSION 
CRACKING SUSCEPTIBILITY was carried out by investigating the binary Al-Si system due to 
its similarity with AlSi10Mg and other various Al-Si based alloys known to behave well in LPBF 
(see Table 1 for list). For experimental investigation, six binary Al-Si alloys were gas atomized. 
The compositions chosen included hypo-eutectic 0.5, 1.0, 2.0, 4.0, near-eutectic 12.6, and hyper-
eutectic 16.0 wt.% Si in Al. Powder characterization can be found in APPENDIX B: POWDER 
CHARACTERIZATION. 
Since AlSi10Mg has shown repeatedly to behave well with LPBF, parameter set optimized 
for AlSi10Mg by the SLM Solutions Group AG (Lubeck, Germany) was used as the basis: a laser 
power, scan speed, hatch spacing, slice thickness, and scan rotation of 350 W, 1650 mm/s, 0.13 
mm, 0.03 mm, and 67º, respectively. However, this particular parameter may not be optimum for 
different Si content, so for each alloy composition, the laser power and scan speeds were varied 
independently to build cubic samples. High and low laser powers of 350 and 250 W were 
employed. At a laser power of 350 W, the scan speed was varied as 1200, 1600, 2000, 2400, and 
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3000 mm/s. At a laser power of 250 W, the scan speed was varied as 800, 1200, 1600, 2000, and 
2400 mm/s. Hatch spacing and slice thickness were held constant at 0.13 mm and 0.03 mm, 
respectively, since laser power and scan speed have shown to be the most influential factors on 
buildability [10, 26]. 
Cube samples were then cross-sectioned both parallel and perpendicular to the build 
direction, mounted in epoxy, and metallographically prepared for a final finish with 0.05 µm 
colloidal silica. Each sample was examined with optical microscopy for quantitative analysis of 
pores/flaws and crack density measurements. For microstructural analysis, samples were etched 
with Keller’s reagent (2.5 vol.% nitric acid, 1.5 vol.% hydrochloric acid, and 1.0 vol.% 
hydrofluoric acid in distilled water).  
6.2 Influence of LPBF Processing Parameters 
Figure 37 shows the relative density measured from image analysis as a function of scan 
speed and laser power for each alloy composition. Generally, use of faster scan speeds yielded 
lower relative densities, below 99 % dense. Moreover, little difference in relative density was 
observed between samples produced with high (350 W) and low (250 W) laser power for the scan 
speed range investigated. According to Figure 37, for different alloy compositions, relative density 
greater than 99 % was observed when the LPBF parameter set with laser power, scan speed, hatch 




Figure 37: Relative density curves calculated from flaw/defect percentage measured from image 
analysis of optical images with ImageJ for (a) Al-0.5Si, (b) Al-1.0Si, (c) Al-2.0Si, (d) Al-4.0Si, 




Figure 38 presents optical micrographs from cube samples with six binary Al-Si 
compositions. Generally, at 350 W or 250 W, there are three regimes observed over varying scan 
speed: (1) pore formation from keyhole mechanism due to high energy input at low scan speeds, 
(2) an intermediate regime where the highest relative density is achieved, and (3) flaw formation 
due to lack of fusion from low energy input at high scan speeds. Similar observations have been 
reported in previous studies [10, 26, 43]. High density (> 99 %) could be achieved for all alloy 
compositions, however, alloy samples with 1.0 and 2.0 wt.% Si always had solidification cracks 
regardless of LPBF parameters employed. Al-0.5 wt.% Si exhibited, minor, hairline cracks, but 
were too fine to quantify. Solidification cracking was not observed in samples with 4.0, 12.6 and 





Figure 38: Optical images of the XZ cross-section for the six binary Al-Si compositions built 
with different laser powers of (a) 350 W and (b) 250 W processed at different scan speeds. 
 
Presented in Figure 39(a) and Figure 39(b) are the measured crack density for all cube 
samples built with 1.0 and 2.0 wt.% Si alloy powders. In general, crack density variation as a 
function of scan speed varied similar to the relative density determined for these alloys shown in 
Figure 37(b) and Figure 37(c). At low scan speed, low crack density is observed along with lower 
density due to formation of pores. At high scan speed, low crack density is observed corresponding 
to the low density due to lack-of-fusion flaws. Maximum crack density, as seen in Figure 39 
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occurred when the relative density of cube samples was high as presented in Figure 37. Also, in 





Figure 39: Measured crack density as a function of laser power and scan speed for (a) Al-1.0Si 
and (b) Al-2.0Si. 
 
The hot cracking susceptibility shown in Figure 11(a) for the binary Al-Si alloy estimated 
that the maximum cracking would be observed at a composition of 0.5 wt.% Si without any 
diffusion in solid. Maximum severity of cracking was experimentally observed at Al-1.0 wt.% Si 
as shown in Figure 40. The crack density for the cubes presented in Figure 40 were processed with 
a laser power and scan speed of 350 W and 1600 mm/s, respectively, because these cube samples 
had the highest density regardless of composition. Clearly this difference in composition, i.e., 
between 0.5 and 1.0 wt.% Si, for cracking would be due to many factors including composition 
measurements, resolution of optical microscopy employed for crack density determination, etc.  
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Therefore, to further assess the relationship between crack susceptibility/density and composition, 
mechanical behavior in tension was examined for all alloy compositions.  
 
 
Figure 40: Hot cracking susceptibility prediction vs. measured crack density for the binary Al-Si 
compositions. 
 
6.3 Mechanical Behavior and Microstructure 
Engineering stress-strain curves from tensile testing are presented in Figure 41 for all six 
compositions. Three tensile samples were built utilizing a laser power and scan speed of 350 W 
and 1600 mm/s, where high density was consistently observed for all samples. As expected, during 
tensile testing, only alloys with 1.0 and 2.0 wt.% Si fractured prematurely as presented in Figure 
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41. The measured tensile strength (from 0.2% offset), ultimate tensile strength (UTS), strain at 
failure, and Young’s modulus for all eighteen tensile samples are reported in Table 4. The average 
values of these mechanical properties are plotted as a function of Si concentration in Figure 42. A 
significant magnitude of hot cracking susceptibility shown in Figure 11(a) and Figure 12(b) and 
high crack density observed for 1.0 and 2.0 wt.% Si alloys in Figure 38 and Figure 39 can be 
clearly related to the low strengths, ductility, and modulus. A minimum in mechanical integrity 
appears to be at 1.0 wt.% Si concentration, corresponding to the maximum crack density observed. 
Of the compositions that did not fracture prematurely due to solidification cracking, Al-0.5 wt.% 
Si alloy had the highest elongation, but the lowest strength, whereas Al-16.0 wt.% Si alloy had the 










Figure 42: Plotted (a) yield strength (0.2% offset), (b) UTS, (c) strain at fracture, and (d) elastic 
modulus vs. concentration of Si in Al. 
 













1 71.5 107.6 0.279 53.7 
2 70.9 107.1 0.315 51.5 
3 28.0 42.9 0.286 17.1 
Avg. ± Dev. 56.8 ± 20.37 85.9 ± 30.41 0.293 ± 0.0155 40.8 ± 16.78 
Al-1.0Si 
1 37.7 38.5 0.004 19.3 
2 39.6 41.0 0.005 17.5 
3 36.1 36.2 0.004 15.7 
Avg. ± Dev. 37.8 ± 1.43 38.6 ± 1.96 0.004 ± 0.0006 17.7 ± 1.46 
Al-2.0Si 
1 69.6 86.4 0.015 38.5 
2 70.2 89.9 0.020 40.0 
3 69.6 88.3 0.017 36.5 
Avg. ± Dev. 69.9 ± 0.24 88.2 ± 1.45 0.017 ± 0.0019 38.4 ± 1.42 














2 128.8 241.4 0.229 64.9 
3 128.0 240.6 0.233 59.6 
Avg. ± Dev. 128.5 ± 0.37 241.4 ± 0.63 0.237 ± 0.0081 62.4 ± 2.16 
Al-12.6Si 
1 272.7 438.6 0.077 66.5 
2 269.7 436.8 0.079 69.6 
3 269.7 348.0 0.079 69.8 
Avg. ± Dev. 270.7 ± 1.42 407.8 ± 42.28 0.078 ± .0008 68.7 ± 1.49 
Al-16.0Si 
1 325.7 487.1 0.050 71.7 
2 323.2 486.5 0.054 70.9 
3 328.3 481.1 0.051 73.0 
Avg. ± Dev. 325.8 ± 2.07 484.9 ± 2.69 0.052 ± .0016 71.91 ± 0.89 
 
As reported by Zhou et al. [21], LPBF AlSi10Mg contains a sub-grain cellular structure 
defined by the web-like Al-Si eutectic structure at the intercellular boundaries in an otherwise α-
Al matrix. Figure 43 presents representative backscatter electron XY cross-sectional micrographs 
of the LPBF Al-Si alloys processed with a laser power and scan speed of 350 W and 1600 mm/s, 
respectively. Similar to the powder microstructure, Si segregation is observed in all six 
compositions. As the concentration of Si in Al increases, the web-like Al-Si eutectic structure 
became better defined. An increase in strength and a decrease in ductility observed as a function 
of Si concentration may be attributed to the amount of eutectic structure, which can act to impede 






Figure 43: High magnification mixed secondary and backscatter electron XZ cross-sections of 
(a) Al-0.5Si, (b) Al-1.0Si, (c) Al-2.0Si, (d) Al-4.0Si, (e) Al-12.6Si, and (f) Al-16.0Si. 
 
6.4 Discussion 
6.3.1   Cracking of Binary Al-Si Alloys 
Figure 40 compares the measured crack density to the hot crack susceptibility index, 
|dT/dfS
1/2|, calculated from Eq. (13) for the binary alloys examined when α = 0 (no diffusion). 
According to Figure 40, the Al-0.5 wt.% Si alloy was most likely to crack, whereas experimental 
results showed that 1.0 and 2.0 wt.% Si alloys exhibited the highest severity of solidification 
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cracking. This slight shift may be attributed to the experimental uncertainty or the influence of 
solid-state diffusion, which tends to minimize the cracking tendency and shifts the severity of 
cracking to a high composition as shown in Figure 11(a). 
Ring cast and clamped weld work by Singer and Jennings [99] found that the maximum 
crack density was observed for alloys with 1.5 to 2 wt.% Si after the ring casting, and 0.6 to 1.0 
wt.% Si after clamped welding. Pumphrey and Lyons [98] reported maximum cracking in alloys 
with 0.6 to 0.7 wt.% Si from ring cast and restrained weld experiments. Kimura et al. [120] 
examined various binary Al-Si alloys (i.e., 1.0, 4.0, 7.0, 10.0, 12.0, and 20.0 wt.% Si) with LPBF, 
and reported cracking in Al-1.0 wt.%, although more attention was given to the densification, 
mechanical behavior, and thermal properties. However, they suggested that compositions of Al-
alloys with approximately 1.0 wt.% Si should be avoided due to cracking.   
Considering the effect of diffusion, α is dependent on DS, but also upon the tf and λ2, both 
influenced by cooling rate. Unlike casting and welding, LPBF has been shown to have significantly 
higher cooling rates, on the order of 105 to 107 K·s-1 [24, 26], whereas conventional casting and 
welding processes would have much lower cooling rates, on the orders of 101 to 103 K·s-1 [24, 27, 
33]. Therefore, the tf in Eq. (16) would be extremely small for LPBF. Moreover, extrapolation 
from SDAS data obtained by Osario et al. [121] for cast Al-9.0 wt.% Si alloy, the λ2 would be 
below 1 µm for cooling rates greater than 105 K·s-1. From the data presented in Figure 29 and 
Figure 30, the cell size for AlSi10Mg was indeed below 1 µm.  
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A low tf would intuitively reduce the time for kinetics, i.e. diffusion to occur. However, as 
was discussed earlier, the high cooling rates and associated high thermal gradients may generate 
di- and tri-vacancies, allowing for faster diffusion. As shown in Figure 44, values of α were 
calculated for varying DS, tf, and λ2. The cell size from Figure 29, equivalent to λ2, was 
approximately 100 to 700 nm for varying LPBF processing parameters. Therefore, limits were 
drawn at 100 and 700 nm in Figure 44. For the tf, a constant cooling rate of 10
6 K·s-1 was employed 
with two different ∆T, calculated for Al-1.7 wt.% Si alloy, which has the highest ∆T at 76 K, and 
for Al-10.0 wt.% Si alloy, which is close to the eutectic, with a ∆T of 18 K. Figure 44 demonstrates 
the effect of cooling rate, e.g. tf, and λ2, and diffusion in solid on the magnitude of α.  
As demonstrated in Figure 44, use of a larger ∆T, such as that found at Al-1.7 wt.% Si (76 
K), results in a larger α, thus increasing the assistance from diffusion and decreasing the tendency 
for solidification cracking. However, experimentally, compositions 1.0 and 2.0 wt.% Si exhibited 
the maximum severity of cracking, suggesting that the influence of ∆T on tf, and thus on α, is 
negligible. The Ṫ (GV) controls the grain and the cell size. With increasing Ṫ, the cell size would 
be expected to decrease, thus increasing the magnitude of α and the assistance from diffusion to 
help mitigate solidification cracking. 
To demonstrate the effect of diffusion on the cracking susceptibility of the binary Al-Si 
system, values of α were calculated using Eq. (16) for varying solid-state diffusion coefficients. 
Values of tf and λ2 were held constant at 1*10
-6 s and 300 nm, respectively, based on the average 
cell size and calculated cooling rate adopted Figure 29 for the AlSi10Mg alloy. The values of DS 
chosen included 1*10-12 m2·s-1 found true at 873 K [117], right below the melting temperature, and 
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1*10-9, 2*10-9, and 9*10-9 m2·s-1, consistent with self-diffusion coefficients of Al above the melting 
temperature > 933 K, where 9*10-9 m2·s-1 is considered the high extreme of the solid-state diffusion 
coefficient [122, 123]. Understandably, no solid should be observed above the melting 
temperature. However, the high cooling rates and associated thermal gradients found in LPBF 
processing would allow for di- and tri-vacancies present in the solid, near the solid-liquid interface, 
thus allowing for faster diffusion since the probability of atom jumping is higher [117, 118].  
Utilizing the modified Scheil equation in Eq. (14), the fS
1/2 was calculated for the different 
α values calculated for the chosen DS. Figure 45(a) compares the different fS
1/2 vs. temperature 
curves for the 0.5 wt.% Si composition, where the maximum cracking susceptibility was observed 
in Figure 11(a) for the case of no diffusion in the solid. Considering a DS of 1*10
-12 m2·s-1, the 
magnitude of α = 0.0004, had little effect on the fS
1/2, thus tracing a similar curve in Figure 45(a) 
as that for the case of no diffusion in the solid. With increasing DS, i.e. increasing assistance from 
diffusion, the steepness of the curves is observed to decrease. A minor increase in the DS from 
1*10-9 to 9*10-9 m2·s-1, the solidification behavior is shown to change significantly. Moreover, the 
melt fully solidified before reaching the eutectic temperature when DS = 9*10
-9 m2·s-1.  
Figure 45(b) shows the |dT/dfS
1/2| vs. Si concentration curves utilizing calculated values of 
α for the chosen DS. Considering no diffusion in the solid, based on the assumption of the Scheil 
equation, where DS = 0 and α = 0, the maximum cracking susceptibility is observed at a 
concentration of 0.5 wt.%, just as presented in Figure 11(a). Just below the melting temperature at 
600 °C where DS = 1*10-12 m2·s-1, the effect of diffusion is found to be almost negligible, accruing 
larger magnitudes of |dT/dfS
1/2|, similar to that when no diffusion in the solid is considered. For the 
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extreme case when the solid-state diffusion is high, e.g. DS = 9*10
-9 m2·s-1 and γ = 0.4, the overall 
magnitude of |dT/dfS
1/2| decreases considerably as compared to the case when there is no diffusion 
in the solid. Moreover, the concentration of Si at which the maximum |dT/dfS
1/2| occurs shifts from 
0.5 wt.% Si to a higher concentration, at 1.0 wt.% Si. As the magnitude of DS is decreased, i.e. 
2*10-9, and 1*10-9 m2·s-1, the magnitude of α decreases, and the magnitude |dT/dfS
1/2| increases. 
Moreover, the relatively small decrease in the DS, i.e. 9*10
-9 to 2*10-9 m2·s-1, decreases the 
magnitude of α considerably.  
 
Figure 44: Variation in diffusion parameter α as a function of the solid-state diffusion coefficient, 
DS, for varying SDAS. Plotted for Al-1.7Si and Al-10.0Si, which have corresponding freezing 





Figure 45: (a) Plotted steepness, |dT/dfS
1/2|, as a function of concentration of Si in Al and (b) 
temperature vs. fS
1/2 for varying solid-state diffusion coefficients. The tf and λ2 were kept 
constant at 1*10-6 s and 300 nm, respectively.   
 
6.3.2   Cell Size and Cooling Rate 
Si segregation was observed in the six binary Al-Si compositions as shown in Figure 43, 
similar to that found in LPBF AlSi10Mg in Figure 29, where the cell size was related to the cooling 
rate. Even though the Si segregation is observed in all six Al-Si compositions, Al-Si eutectic 
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structure with well-defined sub-grain cells with distinctive boundaries can only be identified in the 
Al-12.6 and Al-16.0 wt.% Si alloys. But for Al-16.0 wt.% Si alloy, presence of primary Si and 
thick intercellular boundaries made it difficult to quantify the size of individual cells. Therefore, 
for further analysis, easily identifiable cellular structure in the Al-12.6 wt.% Si composition was 
employed. 
Figure 46 shows high magnification backscatter electron micrographs from the XY cross-
sections of the Al-12.6 wt.% Si alloy samples produced with various laser powers and scan speeds. 
At constant power, i.e., 250 or 350 W, larger cells were observed with slower scan speeds. To 
quantify, the cell size measurement was performed via ASTM E1382 procedure using ImageJ. The 
measured cell sizes are reported in Table 5 and are presented as a function of scan speed in Figure 






Figure 46: High magnification mixed secondary and backscatter electron micrographs along the 
XY plane of LPBF Al-12.6Si cubes processed with (a) 350 W at 1200 mm/s, (b) 350 W at 3000 
mm/s, (c) 250 W at 800 mm/s, and (d) 250 W at 2400 mm/s. 
 
Assuming that the cell size determined can be substituted for the λ2, cooling rate, Ṫ, was 
estimated using Eq. (18). Values of A = 43.2 and n = 0.324 were adopted from Matyja et al. 
[112] for Al-alloy. The cooling rate was also calculated for Al-12.6 wt.% Si utilizing the 
Rosenthal equation as described in Eq. (33). In Eq. (3), the thermal conductivity and thermal 
diffusivity were estimated utilizing the rule of mixtures for Al and Si, i.e., κAl and κSi of 221.75 
and 83.68 W·m-1·K-1, respectively [49];  φAl and φSi of 9.7 x 10
-5 and 8.8 x 10-5 m2·s-1, 
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respectively [124]. Moreover, T was taken as the melting temperature (660 ºC, 933 K) and To is 
the initial temperature, taken as 100 ºC (373 K) of the build plate. 
 
 
Figure 47: (a) Average cell size measured from SEM images using ImageJ and (b) calculated 
cooling rate as functions of scan speed for Al-12.6Si. 
 
Cooling rates calculated using Eq. (18) based on measured cell size and Eq. (3) based on 
the Rosenthal equation are reported in Table 5 and presented in Figure 47(b). Overall, the cooling 
rate was estimated to be between 106 to 107 K·s-1, similar to that obtained for AlSi10Mg alloy 
shown in Figure 29 and Figure 30. The cooling rate calculated based on Eq. (18) was an order of 
magnitude higher than that calculated using Eq. (3). Eq. (18) was specifically developed for 
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dendritic structure, but the estimation made in this study used cellular structure with a substantial 
thickness of the boundaries, which can affect the overall outcome. Aforementioned, as the scan 
speed increased, the cell size decreased, which corresponds to a decrease in cooling rate. Therefore, 
given the sufficient energy input for melting, fast scan speeds corresponding to lower energy input 
would cause a faster cooling and smaller cellular structure. Variation in cell size and cooling rate 
was not significant between the two laser powers used, 250 and 350 W. Therefore given the dense, 
crack-free, as-built LPBF samples, as per the Hall-Petch relationship [116], variation in scan speed 
may influence the mechanical behavior, while the power may not. 
 




Cell Size (µm) Cooling Rate from Eq. (18) 
107 (K·s-1) 
Cooling Rate from Eq. (3) 
107 (K·s-1) 
350 W 
1200 0.182 ± 0.044 2.8 ± 1.33 0.43 
1600 0.163 ± 0.011 3.1 ± 0.64 0.58 
2000 0.141 ± 0.011 4.9 ± 1.16 0.72 
2400 0.115 ± 0.011 9.1 ± 2.30 0.86 
3000 0.124 ± 0.008 7.1 ± 1.46 1.08 
250 W 
800 0.202 ± 0.018 1.6 ± 0.41 0.40 
1200 0.123 ± 0.018 7.8 ± 2.56 0.60 
1600 0.133 ± 0.010 5.8 ± 1.43 0.81 
2000 0.138 ± 0.013 5.3 ± 1.57 1.01 






6.3.3   Crack Susceptibility Dependence of Thermal Gradient 
Avoiding specific Si concentration to minimize potential solidification cracking may be 
challenging. Some 6xxx series Al-alloys, such as AA6061, include additions of Si up to 1.0 wt.%. 
As Martin et al. [44] and Uddin et al. [47] reported, AA6061 is prone to solidification cracking 
when processed with LPBF, as demonstrated by Figure 39. In order to remedy solidification 
cracking in LPBF AA6061, Martin et al. [44] coated the AA6061 powder with Zr-hydride, that 
allowed for inoculation of the AA6061 with Zr-aluminide during the LPBF melting process, a 
methodology also adopted by Zhou et al. [11]. On the other hand, Uddin et al. [47] took a different 
approach, heating the build plate to 500 ºC. This resulted in a maximum volumetric density of 
98.7% and no solidification cracking for AA6061.  
In Eq. (4), G is dependent solely on the laser power, and not the scan speed. On the other 
hand, according to Eq. (5), V is directly related to the laser scan speed. Heating the build plate to 
500 ºC would reduce the temperature range (T-To) in the Rosenthal solutions, i.e., Eqs. (2), (3), 
and (4), thus reduce the cooling rate and thermal gradient significantly. As the cooling rate 
decreases to the order of 103 to 104 K·s-1, the diffusion parameter, α in Eq. (16) would also increase 
and would help mitigate solidification cracking. Of course, the more significant benefit of heated 
build plate has been discussed by Uddin et al. [47] who postulated that the reduction in the (T-To) 
would allow relief of thermal residual stress.  
In Figure 39, a higher cracking density was observed at a lower laser power (250 W), 
consistently for both the Al-1.0 and Al-2.0 wt.% Si alloys. Simulations done by Vasinonta et al. 
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[125, 126] for welding of stainless steel 304 (SS304) reported that an increase in the thermal 
gradient increased the overall thermal residual stress. Since the thermal gradient increases with 
decreasing laser power, to help relieve thermal residual stress, welding typically utilizes [30, 32] 
a larger laser power and higher energy input to decrease the thermal gradient. Ali et al. [127, 128] 
systematically studied the changes in residual stress as a function of build plate pre-heating 
temperature during LPBF Ti-6Al-4V, and reported that an increase in build plate pre-heating 
temperature decreased the magnitude of residual stress. Xu et al. [129] attempted a similar strategy 
for Ni-based superalloy IN738, previously shown to crack during LPBF processing due to its high 
Ti+Al content. They found a significant reduction in solidification cracking with higher build plate 
pre-heating temperature, however, were unable to eliminate the cracks completely.  
The thermal gradient and G/V terms also control the solidification characteristics and 
microstructure. A higher thermal gradient can lead to formation of columnar grains, whereas a 
lower thermal gradient would yield a more equiaxed structure. In general, higher cooling rates 
would reduce the grain size, just as smaller cell size was observed with higher cooling rate shown 
in Figure 47. Development of smaller equiaxed grains would tend to lower the cracking tendency. 
Kou and Le [130] studied the grain structures of gas-tungsten-arc (GTA) welded AA6061 at 
different laser powers and scan speeds. They found that the higher the energy input (W), at a given 
scan speed, the more equiaxed grains were observed over a columnar structure found at lower 
energy inputs. Even though Uddin et al. [47] did not present microstructure, it is likely that 
reducing the thermal gradient helped refine the microstructure. Zhou et al. [43], who recently 
published work on LPBF of ternary Al-6.0 wt.% Zn-2.0 wt.% Mg and quinary Al-6.0 wt.% Zn-
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2.0 wt.% Mg-0.7 wt.% Sc-0.3 wt.% Zr, modeled after AA7075 alloy, reported that equiaxed grains 
were observed more so with the use of laser power at 350 W than at 250 W. They too attributed 
the equiaxed structure found in samples with lower thermal gradient at 350 W than at 200 W.  
6.5 Summary 
To better understand the LPBF of Al-alloys, effects of solute concentration on the hot 
cracking susceptibility, microstructural development and mechanical behavior in tension were 
examined with six binary Al-Si alloys with hypo-, near-, and hyper-eutectic compositions. These 
alloys were gas atomized to produce alloy powders of respective compositions, and samples for 
microstructural analysis and tensile testing were manufactured with LPBF as functions of laser 
power and scan speed. Findings from this study can be summarized as: 
(1) Utilization of the “hot cracking susceptibility index” based on the magnitude of |dT/dfS1/2|, 
suggested a strong dependence of hot cracking susceptibility on composition. Generally, 
lower concentrations of solute exhibited larger magnitudes of |dT/dfS
1/2|, corresponding to a 
higher cracking susceptibility. This approach may assist in designing of alloys suitable for 
LPBF.  
(2) The maximum cracking susceptibility, |dT/dfS1/2|, was found to decrease significantly in 
magnitude and shift to a higher concentration of solute with an addition of alloying addition. 
In addition to stress relief from high temperature build plate and inoculation for grain 
refinement, understanding the role of diffusion in solid during solidification, despite the rapid 
cooling rate, may be an important aspect to explore to mitigate solidification cracking.  
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(3) Nearly full volumetric density (> 99 %) was observed for all six binary Al-Si alloys produced 
by LPBF. However, alloys with 1.0 and 2.0 wt.% Si exhibited solidification micro-cracking, 
regardless the LPBF parameter employed. Observation of these cracks in alloys with 1.0 and 
2.0 wt.% Si corresponded well to the composition-dependent “hot crack susceptibility index” 
calculated based on the equilibrium binary phase diagram, i.e., |dT/dfS
1/2|. 
(4) Tensile mechanical behavior exhibited an increase in strength and a decrease in ductility as 
the concentration of Si increased, except for the alloys with 1.0 and 2.0 wt.% Si, because 
presence of solidification cracks caused premature fracture. Si was found in all alloys, either 
as a fine Si particle with low Si concentration, or a web-like network of Al-Si eutectic for 
alloys with high Si concentration. An increase in Si concentration led to an increase in the 
amount eutectic network that would act as barriers to dislocation motion.  
(5) The cellular size quantified for the Al-12.6 wt.% Si alloy was found to decrease with an 
increase in scan speed of laser, powered either at 350 W or 250 W. Cooling rate was 
estimated from the cell size and Rosenthal equation to be on the order of 106 to 107 K·s-1. 
The increase in cooling rate corresponded with faster scan speed and smaller cell size.  
(6) For cases where the alloy composition cannot be changed or modified, reduction of the 
thermal gradient may help reduce the grain size and residual stress, which would lead to 
mitigation of solidification cracking. Moreover, reduction in the thermal gradient would 






CHAPTER 7: ADDITIVE MANUFACTURING OF DENSE WE43 MG 
ALLOY BY LASER POWDER BED FUSION 
A percentage of the work contained in this chapter was published in Additive 
Manufacturing. Hyer, H., Zhou, L., Benson, G., McWilliams, B., Cho, K., & Sohn, Y. (2020). 
Additive manufacturing of dense WE43 Mg alloy by laser powder bed fusion. Additive 
Manufacturing, 101123. [10] 
7.1 Cracking Susceptibility of WE43 
WE43 is a high strength, high creep resistant Mg-alloy with additions of Y and Nd up to 4 
wt.% each [56, 58]. Therefore, WE43 can be treated as two separate binary systems: Mg-Y and 
Mg-Nd. Application of the cracking criterion in Eq. (13) to the binary Mg-Y and Mg-Nd systems 
yields a maximum cracking susceptibility of Mg-3.0 wt.% Y and Mg-1.0 wt.% Nd, as shown in 
Figure 48. Shockingly, the Mg-Y system shows a maximum cracking susceptibility at 3 wt.% Y, 
close to the nominal composition of WE43. An assumption of the Scheil equation is that the 
liquidus and solidus are straight lines, considering that the partition coefficient, k (Eq. (10)), is 
constant. However, the liquidus and solidus in the Mg-Y system are curved. Considering a 
changing k due to the curvature of the liquidus and solidus, Liu and Kou [131] calculated the 
maximum cracking susceptibility of the binary Mg-Y system to be at 2.0 wt.% Y. Wang et al. 
[132] performed an exhaustive study on the cracking severity of casted binary Mg-Y alloys, 
finding that the maximum severity of cracking occurred at 1.0 wt.% Y. Understandably, the ternary 
effect of Mg-Y-Nd needs to be considered, however, the simple application of Scheil solidification 
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modeling gives good confidence that WE43 would print successfully with LPBF. To help build 
confidence in the processability of WE43 by LPBF, a feasibility study can be performed with 
single track laser scanning.  
 
 
Figure 48: Concentration of Nd or Y in Mg vs. |dT/dfS
1/2| curves for Scheil-Gulliver 
“diffusionless” solidification.  
 
7.2 Single Track Scanning 
To assess the processability of WE43 by LPBF, a feasibility study was performed with 
single track scan (STS) by laser on wrought WE43 samples. A chill cast and cold rolled WE43 
alloy was used for this study. Samples 25 mm x 12 mm x 12 mm in geometry were prepared by 
grinding with SiC, polishing with diamond paste, and finishing with 0.05 μm colloidal silica. 
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Samples were then leveled with the build chamber floor so that the polished surface lay in the 
focus range of the laser. The sample was then laser scanned using the SLM 125HL LPBF 
system. 
Figure 49 presents selected optical micrographs of the melt pools observed from the STS 
study using the bulk sample of wrought WE43. The depth and width of the melt pool from the STS 
were measured, and depth-to-width ratio was determined as reported in as functions of LPBF 
parameters. Figure 52 presents the depth-to-width ratio plotted against linear energy density and 
demonstrates that a wide range of linear energy density can be employed to produce same depth-
to-width ratio. For example, to produce depth-to-width ratio of 1.5, a linear energy density can be 
varied approximately from 0.3 to 1.5 J/mm. 
 
 
Figure 49: Optical micrographs from selected melt pool geometry observed in single track study: 
(a) 150 W at 800 mm/sec parameters; (b) 75 W at 200 mm/sec parameters; (c) 100 W at 50 




Figure 50: Melt pool measurements from single track scan study: (a) depth as a function of 
power; (b) width as a function of power; (c) depth as a function of linear energy density; and (d) 




Figure 51: Melt pool measurements from single track scan study: (a) depth as a function of scan 
speed; (b) width as a function of scan speed; (c) depth as a function of linear energy density; and 




Figure 52: The depth/width ratio is shown plotted against the linear energy taken as speed over 
power. 
 
Table 6: Processing parameters examined and melt pool width and depth determined from single 
track scan investigation of WE43 using laser powder bed fusion. 
Speed 
(mm/sec) 






50 50 38.1 87.6 0.44 1.000 
50 75 346.3 206.7 1.68 1.500 
50 100 620.9 354.1 1.75 2.000 
50 125 919.9 387.8 2.37 2.500 
200 50 30.7 91.5 0.34 0.250 
200 75 227.4 232.1 0.98 0.375 
200 100 409.6 246.7 1.66 0.500 
200 125 575.5 278.3 2.07 0.625 
800 50 13.2 53.4 0.25 0.063 
800 100 140.1 165.1 0.85 0.125 
800 150 216.5 206.6 1.05 0.188 




For WE43 alloy, cracks were not observed in any of the solidified melt pools and melt-
pool/bulk boundaries as shown in Figure 49 and Figure 53. Porosity was observed at the bottom 
of some of the deeper melt pools, i.e., high depth-to-width ratio. In wrought WE43 alloy away 
from the melt pool, -Mg (hcp) grains with 10-20 μm in size, were observed, and their boundaries 
were decorated with segregated rare-earth additions (e.g., Y, Gd, Zr, Nd) as presented in Figure 
53(a). However, within the melt pool, much finer structural features were observed, with grain size 
ranging from 1-3 μm as shown in Figure 53(b). Segregation of rare-earth additions was observed 
at this fine scale. 
 
 
Figure 53: Cross-sectional backscatter electron micrographs from (a) a melt-pool/bulk interface 
and (b) within a melt pool produced for WE43 with 125 W laser power and 200 mm/sec scan 
speed. 
 
7.3 Laser Powder Bed Fusion Parametric Investigation 
Parameters listed in Table 7 were employed to manufacture cube samples (12 mm x 12 mm 
x 12 mm) for LPBF parametric examination and optimization investigation. Relative density of 
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each cube sample was determined, first volumetrically by Archimedes method, and then by image 
analysis of cross-sectional optical micrographs. The theoretical density used in Archimedes 
determination of relative density was kept constant at 1.84 g/cm3 for WE43.  
 




Figure 54 presents the relative density of all the cube samples as a function of volumetric 
energy density, defined in Eq. (1). In general, relative density was observed to be low (~ 90 %) 
when the energy density was low (~ 20 J/mm3). With an increase in energy density up to 40 J/mm3, 
a sharp increase in relative density was observed for all laser power used. However, inconsistency 
in change of relative density as a function of energy density was observed with a further increase 
above 50 J/mm3. For example, samples produced using the laser power of 250 W, a decrease in 
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However, relative density of some above 100 % was recorded for samples produced with very 
high energy density. To clarify this inconsistency, composition of all as-built samples was 
examined. The inconsistency in density measurement by Archimedes method was found to be due 
to evaporation of Mg when excessive energy density was employed. The Y and Nd are the largest 
alloying addition in WE43.  
 
 
Figure 54: Plotted relative density, measured by both image analysis and the Archimedes 




The nominal composition of WE43 has approximately 7 wt.% rare earth. Figure 55 presents 
the composition of rare earth, i.e., sum of Y and other rare earth, mostly Nd, that was observed to 
vary with the energy density employed during LPBF. All four plots have the same limits for the 
y-axis (5 to 10 wt.%). The sample built with the highest energy density using 100 W laser power 
yielded the highest relative density, however had nearly 10 wt.% rare earth content (i.e., lower Mg 
content). This change in composition produced relative density above 100% of standard density 
1.84 g/cm3. In other words, the samples built with low power and low scan speed (i.e., high energy 
density) yielded high density, including some above 100 %, because of Mg evaporation or rare 
earth enrichment. Cubic samples built with the laser power of 200 W and 250 W had a composition 
of 7-8 wt.% total rare earth, independent of energy density employed, because the scan rate was 





Figure 55: Sum of rare earth content (Y+Nd) measured by XEDS as a function of relative density 
for WE43 samples produced by LPBF. 
 
Figure 56 presents selected secondary electron micrographs from WE43 alloy samples built 
using various powers and scan speeds. There were no solidification cracks observed in any of the 
samples. Observation of porosity/flaws with the variation of power and scan speed can be 
qualitatively described as: (1) porosity formation due to vaporization at high energy density, (2) 
an optimum LPBF with minimal defects, and (3) flaws due to lack of fusion at low energy density. 
Fully dense WE43 alloy with a relative density of 99.7 %, was produced by LPBF using the laser 
power of 200 W and scan speed of 1100 mm/sec as highlighted in Figure 56. Therefore, based on 
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density measurement (> 99.7 %) by Archimedes and image analyses, and with due consideration 
for compositional consistency in WE43 and build-rate (i.e., preference for higher scan speed), a 
laser power of 200 W and scan speed 1100 mm/sec were chosen as the optimum LPBF parameters 
for WE43 to be built in SLM125HL. Aforementioned, the hatch spacing and slice thickness 






Figure 56: Selected secondary electron micrographs taken along the XZ plane from WE43 alloy 
samples produced with various power and scan speed of LPBF. 
 
7.4 Phase Constituents and Microstructure  
Figure 57 presents XRD patterns from the LPBF WE43 that were as-built, after SHT 
(solution heat treated at 536 ºC for 24 hours), and FHT (SHT at 536 ºC for 24 hours, and 
subsequently aged at 205 ºC for 48 hours). For all samples, α-Mg, Mg3Nb, and Y2O3 phases were 
identified in XRD patterns, although diffraction from the Mg3Nb was more evident in FHT sample. 
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The α-Mg phase had lattice parameters determined to be a = 3.21 Å and c = 5.21 Å, which 
are nearly identical to the reported value for Mg [133, 134]. Lattice parameter determined for Y2O3 
was a = 10.67 Å, which is slightly larger than the reported value [133]. Lattice parameter 
determined for Mg3Nd was a = 7.36 Å, which closely match the value reported in literature [133, 
135]. A typical melt pool microstructure was observed parallel to the build direction as presented 
in Figure 58(a) under OM after picric acid etch (with some etch pits). Within these melt pools, no 
discernable grain structure was readily observable using backscatter electrons, however, many 
spherical and flaky white particles (1-5 μm) were observed with picric acid etch as presented in 
Figure 58(b). Based on XEDS, these white particles were all rich in rare earth, and some of the 





Figure 57: X-ray diffraction patterns from the as-built, solution heat treated (SHT), and fully-
heat-treated (FHT) samples. 
 
Figure 59(a) presents a high angle annular dark field (HAADF) TEM micrograph of as-
built WE43 alloy. Similar to backscatter electron micrographs, white particles and particle 
agglomerates due to larger average atomic number were observed. A selected region marked in 
Figure 59(a), was analyzed further using XEDS mapping as presented in Figure 59(b) for Mg, 
Figure 59(c) for Nd, Figure 59(d) for Y, Figure 59(e) for O, Figure 59(f) for Zr and Figure 59(g) 
for Al. They confirmed that small dispersed precipitates were rich in Nd corresponding to the 
Mg3Nd observed in XRD, some particles were rich in Y and O corresponding to the Y2O3 observed 
in XRD, and some contained Al and Zr. The particles rich in Al and Zr are most likely Al3Zr, 
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which have been known to form, and can act as heterogenous nucleation sites in Al alloys modified 
with Zr [11, 12]. Selected area electron diffraction (SAED) presented in Figure 59(h) confirmed 
that the matrix was hcp α-Mg. High resolution TEM micrograph in Figure 59(i) and subsequent 
Fast Fourier Transform (FFT inset) confirmed that the small white precipitates were Mg3Nd.  
 
 
Figure 58: Cross-sectional (a) optical and (b) backscatter electron micrographs of the as-built 





Figure 59: (a) High angle annular dark field TEM micrograph from the as-built WE43 alloy, and 
corresponding XEDS mapping for (b) Mg, (c) Nd, (d) Y, (e) O, (f) Zr, and (g) Al from the region 
marked in (a). Electron diffraction analyses via TEM confirmed the presence of (h) α-Mg and (i) 
Mg3Nd. 
 
Figure 60 shows backscatter electron micrographs of the FHT (i.e., SHT at 536 °C for 24 
hours, then subsequently aged at 205 °C for 48 hours) WE43 sample. Microstructure appeared to 
be similar to that of the as-built sample, however, in general, with better definition: α-Mg matrix 
and white particles, some containing O. At higher magnification, the larger flake-like particles 
were resolved to consist of even smaller particles embedded in Mg matrix as shown in Figure 
60(b). The XEDS from larger particle-agglomerates consisted of Y, Zr (minor) and O, 
corresponding to the XRD observation of Y2O3 with a slightly larger lattice parameter, i.e., 
(Y,Zr)2O3 solution phase. Smaller particles that are dispersed evenly throughout contained Nd, but 
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not O, in XEDS, therefore would correspond to the Mg3Nd intermetallic phase. Grain structure 
corresponding to the grain size of a few to several micrometers was observed as presented in Figure 
60(b). In LPBF WE43 alloy after FHT, many plate-like precipitate structures were observed as 
shown by the bright-field TEM micrograph in Figure 61(a). The corresponding HAADF 
micrograph in Figure 61(b) show a rather small grain structure (e.g., 2 to 5 μm) with well-defined 
plate-like precipitates, and HAADF micrograph in Figure 61(c) presents the microstructural 
arrangement of these plates. Figure 61(d) presents high resolution TEM micrograph for Mg3Nd 
plates along with SAED pattern that yielded the lattice parameter of 7.40 Å, which has increased 
from the one determined for as built sample (7.26 Å). XEDS mapping of LPBF WE43 after FHT 
supported the phase constituent analyses: α-Mg matrix, Mg3Nd plates, Y2O3 particles and possibly 
Al3Zr as presented in Figure 61. In particular, after FHT, as observed in Figure 61(b), particle-
agglomerate region that contain Y and O were observed to consist of a mixture of α-Mg and Y2O3 
as shown by Figure 61(b), Figure 61(d), and Figure 61(e). Therefore, the larger bright flake-like 
regions observed in Figure 58(b), Figure 59(a), Figure 60, and Figure 61(b) do not correspond to 





Figure 60: Cross-sectional backscatter electron micrographs of the fully heat treated WE43 alloy 
at (a) low and (b) high magnification. 
 
 
Figure 61: (a) Bright field and (b) corresponding HAADF TEM micrograph from the fully heat 
treated WE43 sample; (c,d) Microstructure consisted of well-defined Mg3Nd plates in α-Mg 
matrix, (e) and corresponding XEDS mapping for Mg, Nd, Y, O, Zr, and Al. 
 
7.5 Mechanical Behavior under Compression and Tension 
Mechanical behavior of WE43 under compression for the as-built samples was examined 
using three samples. Results were repeatable for the three samples tested and they are reported in 
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Table 8 and presented in Figure 62. The as-built WE43 had an average compressive strength of 
223.6 MPa, the maximum strain at fracture was determined to be 9.5 %, and the maximum 




Figure 62: Engineering stress vs. engineering strain mechanical behavior observed during (a) 
compression and (b) tension, for the as-built and fully heat treated WE43 alloy. 
 
 
Mechanical behavior under tension for the as-built and FHT WE43 was examined using 
three samples for each. Results were repeatable for the three samples tested for each condition, 
and they are reported in Table 8 and presented in Figure 62. The as-built WE43 had an average 
yield strength of 214.4 MPa, similar to 218.8 MPa for the FHT WE43. However, the FHT WE43 
had a larger percent elongation with an average value of 4.3 %. The maximum strain at fracture of 
for the as-built WE43 was determined to be 2.6 %. The average ultimate tensile strength (UTS) 
was about the same for both the as-built and FHT WE43 at 250.9 and 250.7 MPa, respectively. 
134 
 
These values for both the as-built and FHT WE43 are comparable to WE43 design data [58] with 
yield strength, tensile strength, and strain at fracture of 172 MPa, 220 MPa, and 2%, respectively. 
 
Table 8: Tensile and compressive mechanical behavior of WE43 manufactured by laser powder 
bed fusion. 
Sample Testing Type 








9.60 221.8 420.0 
9.70 219.8 418.2 
9.20 229.3 412.4 
Avg = 9.5±0.2 Avg = 223.6±4.09 Avg = 416.9±3.24 
Tension 
2.87 209.4 249.5 
2.78 217.7 255.0 
2.20 215.9 248.3 
Avg = 2.62±0.29 Avg = 214.4±3.54 Avg = 250.9±2.92 
Heat-treated Tension 
4.78 225.5 258.4 
3.53 214.7 247.1 
4.63 216.3 246.6 




7.6.1   Interaction of WE43 with Laser 
WE43 microstructure was observed to develop favorably for the LPBF by (1) displaying 
the classical keyhole-mixed-conduction mode transition, (2) solidifying without cracking, and (3) 
solidifying with substantial grain refinement. As presented in Figure 49, melt pool characteristic 
transition from conduction, to mixed mode, and to keyhole was observed as a function of energy 
input controlled by laser power and scan speed. As mentioned before, in this study, hatch spacing 
and slice thickness were held constant, although their variations may change the energy input 
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slightly. Therefore, focus was placed on effects of laser power and scan speed. During STS 
investigation, higher energy input (laser power of 125 W and scan speed of 50 mm/sec) represented 
by a high linear energy density (2.5 J/mm), was observed to produce deeper melt pool with a large 
depth-to-width ratio, and more importantly porosity due to entrapped gas (e.g., keyhole mode) [2]. 
At lower energy input (laser power of 150 W and scan speed of 800 mm/sec) corresponding to a 
low linear energy density (0.188 J/mm), a shallow melt pool would develop, as the heat is readily 
conducted into the bulk, which would not be effective for LPBF (e.g., conduction mode) [2]. 
Therefore, a mix-mode would be favored for LPBF to allow for enough penetration of melt into 
the previous powder-solidified layer, but not enough to cause trapped gas porosity. Microstructural 
development and the measurement of melt pool geometry, as presented in Figure 49, Figure 50, 
Figure 51, Figure 52, and Figure 53 demonstrated that WE43 exhibits this transition gradually and 
therefore favorably for LPBF. As seen in Figure 56 from LPBF parametric optimization study, this 
transition translates to porosity at higher energy density, flaws due to insufficient melting at lower 
density, and near-fully density at appropriate intermediate energy density. 
In addition, during the STS study, WE43 melt pool was observed to solidify without 
cracking and with a substantial grain refinement as shown in Figure 49 and Figure 53, respectively. 
The nucleation and growth of large-and-columnar matrix grains (e.g., much larger than the melt 
pool size), at least for some aluminum alloys [11, 12] have been documented to be related to the 
intergranular solidification cracking. In this study, WE43 produced by LPBF had fine grains (1 ~ 
3 μm) after STS by laser. Fine grain structure in WE43, associated with high nucleation rate and 
low growth rate, has been also reported by Dhahri et al. [59] who performed high laser power 
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scans with a CO2 pulse laser on WE43. Furthermore, corresponding to the solidification into small 
grains, no solidification cracking was observed in any of the LPBF-produced WE43 samples as 
presented in Figure 56. Similar to the STS study results, fine matrix grains (2 ~ 5 μm) were 
observed in LPBF WE43 as presented Figure 60(b) and Figure 61(a). Therefore, for LPBF WE43, 
a systematic LPBF study is warranted to examine the presence of rare earth as heterogeneous 
nucleation agents and their role in mitigating solidification cracking (i.e., LPBF of Mg-alloys with 
and without rare earth). 
7.6.2   LPBF Processing Behavior of WE43 
As presented in Figure 54 and Figure 56, nearly fully-dense WE43 alloy was produced 
with LPBF using an energy density of 32 ~ 37 J/mm3 from all four laser powers, 100, 150, 200, 
and 250 W with varying scan speed examined in study. This may suggest that WE43 can be built 
at low laser powers to conserve energy or at high speeds with high laser power to increase the 
build-rate. However, the composition of WE43 varied as a function of power-scan-speed 
employed. One of the main concerns with processing Mg alloys is the high vapor pressure of Mg. 
Figure 63(a) shows the calculated vapor pressure for pure Mg, Y, Zr, Nd, and Gd. 
Overwhelmingly, Mg has the highest vapor pressure by almost 20 or more orders of magnitude 
difference. Understandably, it is concerning that Mg would vaporize faster than the rare earth 
elements, thus increasing the overall weight of the part and making the alloy more enriched with 




Figure 63: Calculated (a) Ellingham diagram and (b) vapor pressure for major elemental 
constituents of WE43, i.e., Mg, Y, Nd, Zr, and Gd [136, 137]. 
 
As was discussed with Figure 55, the relative content of rare earth was observed to increase 
with an increase in energy density for the cubic samples built with low laser powers, i.e., 100 W 
and 150 W, using slow scan speed. This yielded an increase in relative density of WE43 as 
presented in Figure 54, sometimes greater than 100 % of its theoretical density at 1.84 g/cm3, 
because of relative enrichment of rare earth. However, the relative content of the rare earths, at 7 
~ 8 wt.%, did not change when laser power of 200 and 250 W were employed with appropriate 
scan speed. This observation proves rather useful as the composition of commercial WE43 does 
not need to be adjusted to compensate for the loss of Mg, and optimum parameters for LPBF can 
be found at an energy density of 32 ~ 37 J/mm3 as long as the laser power remains sufficiently 
high, at 200 and 250 W, with appropriate scan speed. This observation also points to a needed 
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study to understand the heat transfer kinetics as functions of power and scan speed, as the “static” 
quantity of energy density does not capture the dynamics of melting and solidification. 
7.6.3   Precipitation Behavior of WE43 Built by LPBF 
WE43 is an age hardenable Mg alloy with an ageing sequence of β”→β’→β1→β [66, 134]. 
The β” phase is a metastable hcp structure with the composition of Mg3(Y, Nd) [66, 134, 135, 
138]. The β’ phase develops during heat treatment between 200 ~ 250 ºC [134]. There is still some 
debate as to the structure, and its stoichiometry can be either Mg24Y2Nd3, or the more common 
Mg12NdY. Prior to the equilibrium phase, β-Mg14Nd2Y, the β1 phase, identified as Mg3Nd, has 
been reported to form as well. The β1-Mg3Nd has a face-centered-cubic (fcc) BiF3 (cF16) structure 
and its presence has been associated with enhanced creep resistance [56, 57, 139].  
The precipitate phase identified in both the as-built and aged WE43 was confirmed to be 
β1-Mg3Nd by XRD analysis and analytical TEM as presented in Figure 57, Figure 59, and Figure 
61, respectively. The LPBF process that consists of initial laser energy input, solidification, and 
subsequent heat-exposure (i.e., laser scan for layers above) allowed the formation of 1-Mg3Nd, 
bypassing the formation of ” and  ’ phases. More importantly the 1-Mg3Nd remained and only 
grew after solutionizing and aging, not transforming to the equilibrium -Mg14Nd2Y phase. The 
1-Mg3Nd phase was found to grow into plate-like structure after the solution heat treatment at 
536 ºC and subsequent age hardening at 205 ºC. Under a certain orientation, the plate-like 
structures appear bright white in HAADF corresponding to the basal plane of hcp-Mg, as shown 
in Figure 15(c). TEM observation with various tilt angles demonstrated that they are not needles.  
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The absence of -Mg14Nd2Y may be related to the presence of fine Y2O3 dispersoids 
embedded in Mg matrix presented in Figure 58, Figure 59, Figure 60, and Figure 61. Although 
they appear as large particles, several micrometers in size in Figure 58(b), Figure 59(a), and Figure 
61(a), detailed observation demonstrated that they are dense agglomerates of nano-scale Mg+Y2O3 
embedded in Mg matrix as shown in Figure 59(b), Figure 60(b), Figure 61(a), Figure 61(d), and 
Figure 61(e). The Y2O3 has the largest formation of energy (e.g., Ellingham diagram shown in 
Figure 63(b)) among elemental constituents in WE43, and can perhaps act as a heterogenous 
nucleation site for the α-Mg matrix. However, no such confirmation can be made in this study 
because they are distributed evenly throughout the alloy, and not necessarily located along the 
grain boundaries. The Zr alloying addition was also observed, mostly in Al3Zr, given that Zr is 
immiscible with Mg. The Al3Zr has shown to help nucleate the α-Al matrix in many Al alloys, 
both wrought and AM’ed alloys [11, 12]. However, it cannot be confirmed what type of role it 
plays in Mg solidification. Given the presence of Y in Y2O3, it may not have been possible for 
either the ” or  ’ phases to develop during LPBF and subsequent heat treatment totaling at 72 
hours. 
7.7 Summary 
The following summarizes the findings from the investigation of LPBF manufacturing of 
WE43 alloy: 
(1) Using single track scan as an assessment for determining printability of an alloy, no cracking 
was observed in any of the melt pools. Furthermore, limited porosity content was observed, 
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mainly found at the bottom of melt pools due to trapping of gas from keyhole formation. 
Overall, a fine grain structure was observed in each of the melt pools.  
(2) Through process mapping, the best processing parameters to use for the LPBF of WE43 with 
a near-full density of 99.7 % was found at a laser power, scan speed, hatch spacing, and slice 
thickness of 200 W, 1100 mm/sec, 0.13 mm, and 0.04 mm respectively. Moreover, the 
mapping can be divided into three regions: lack of fusion due to low energy density, an 
optimized parameter set with > 99 % density, and spherical pore formation due to high 
energy density. Overall, high density (> 99 %) could be achieved with an energy density of 
32 ~ 37 J/mm3. However, laser power of 200 W and 250 W with correspondingly appropriate 
scan speed were observed to produce WE43 with proper compositions. 
(3)  The 1-Mg3Nd precipitates smaller than a micrometer were found distributed throughout the 
matrix of the as-built WE43. After heat treatment, the 1-Mg3Nd phase was found to 
dissolve, and develop into plate like precipitates. The Y2O3 dispersoids was also found 
distributed uniformly throughout WE43 as a part of flake-like structure that consisted of 
dense nano-scale Mg+Y2O3 agglomerate. The Y2O3 phase did not dissolve or coalesce after 
the heat treatment.   
(4)  Compressive yield strength of 224 MPa in the as-built condition was obtained for LPBF 
WE43. The maximum compressive strength and strain at fracture achieved 417 MPa and 9.5 
%, respectively. Tensile yield strength of 214 MPa in the as-built condition, and of 219 MPa 
in the FHT condition were obtained from LPBF WE43. Moreover, the maximum tensile 
strain at fracture increased from 2.6 to 4.3 % after the heat treatment. The tensile strength 
was similar for both the as-built and FHT WE43 at 251 MPa.  
141 
 
CHAPTER 8: HIGH STRENGTH WE43 MICROLATTICE STRUCTURES 
MANUFACTURED BY LASER POWDER BED FUSION 
A percentage of the work contained in this chapter was submitted to Acta Materialia. 
Hyer, H., Zhou, L., Liu, Q., Wu, D., Song, S., Bai, Y., McWilliams, B., Cho, K., Sohn, Y. High 
strength WE43 microlattice structures manufactured by laser powder bed fusion. (2020). Acta 
Materialia. 
8.1 Background 
Conventional manufacturing of Mg-alloys through casting and subsequent post-processing 
techniques (e.g., thermo-mechanical working) remains challenging due to Mg’s affinity for oxygen 
(O) and its high vaporization pressure [66, 71, 140]. Post-processing techniques such as forging 
and rolling must be performed under an inert argon (Ar) atmosphere, and at elevated temperatures 
due to the anisotropic behavior of Mg’s hexagonal closed-packed (HCP) crystal structure [66]. To 
that end, additive manufacturing (AM) can provide a potential route for manufacturing of Mg-
alloy component, since AM has demonstrated its ability to produce dense, complex geometries 
such as lattice structures with little to no post-processing [4, 9, 141]. Lattice structures are 
organized, “intended” porous structures with repeating unit cells, adapted from crystal lattice 
structures such as face-centered cubic (FCC) [9, 142, 143]. The unit cells are an assembly of strut 
components (cylindrical rods) that join at nodes. Lattice structures with strut diameters < 1 mm 
are considered microlattices [9, 142]. Through proper design of microlattice structures, i.e., lattice 
unit cell type, cell size, strut diameter, etc., the open-structure design allows for a production of 
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light and stiff components for loading applications or even for efficient cooling and insulation [9, 
141, 142, 144].  
Laser powder bed fusion (LPBF) is a common AM technique in which a laser selectively 
melts regions of a powder bed to build a component through a layer by layer process [4]. LPBF 
has been widely used to manufacture microlattice structures out of materials such as stainless steel 
(SS) 316L [145], AlSi10Mg [9, 146], and Ti-6Al-4V [147-149]. These alloys are known to behave 
well with LPBF as they can be processed to build components that are fully dense with no 
solidification cracks. However, many commercial alloys, such as high strength aluminum (Al) 
alloy AA7075 [12] or nickel (Ni)-based superalloy CM247 [150], are challenging to produce by 
LPBF because of solidification cracks and/or excessive porosity. Therefore, exploration into LPBF 
manufacturing of microlattices has been restricted to alloys that are readily available for LPBF.  
It was demonstrated that a nearly fully dense WE43 (> 99 % relative density by volume), 
with high yield strength (σy =  214 to 218 MPa) and tensile strength (σT =  250 MPa) as reported 
in Table 8, can be produced by LPBF. In conjunction with the lattice structure design, WE43 
lattices can become the ultimate lightweight structural material. Even though many studies exist 
on the LPBF of microlattice structures, few investigators have explored the fabrication microlattice 
structures manufactured using WE43. Li et al. [70, 151] reported the corrosion behavior of WE43 
microlattice structures with a cubic diamond unit cell produced by LPBF without reporting any 
mechanical behavior. Qin et al. [93] also produced diamond type microlattice structures by using 
Zn with a small addition of WE43 (i.e., 100% Zn, Zn-2%WE43, Zn-5%WE43, and Zn-8%WE43), 
which yielded an ultimate compression strength value of  approximately 75 MPa for the Zn-
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5%WE43. Therefore, this study, for the first time, aims to examine the fabrication, compressive 
behavior, and failure modes of WE43 manufactured by LPBF in various types of microlattice 
structures. Furthermore, structure-property relationships were characterized and compared to that 
of high strength, low density AlSi10Mg reported in previous work in Yu et al. [9], using the same 
unit cell types and geometries. 
8.2 Design of Lattice Structures 
As reported in Table 9 and presented in Figure 64, 24 different 30 mm x 30 mm x 30 mm 
microlattice structures were designed for WE43 alloy. Initially constructed and utilized by Yu et 
al., [9] for AlSi10Mg, six different unit cell types were employed in this study: cubic vertex 
centroid, cubic diamond, cubic fluorite, tetrahedron octahedral edge, tetrahedron octahedral vertex 
centroid, and tetrahedron vertex centroid. Figure 65 shows schematics of unit cells for each lattice 
type. For the strut geometry, a circular cross-section was used due to its high energy adsorption 
capacity over a more rectangular cross-section [143]. Furthermore, for each of the six types of 
microlattice structures, four different combinations varying strut diameter and number of unit cells 
were designed for each lattice type. The strut diameters (d) and number of unit cells (n) were varied 
at 0.6 mm and 0.75 mm and at 8 and 10 units per 30 mm in each principle direction (x, y, z), 
respectively. The theoretical relative density was taken as the apparent density of the microlattice 
structures, ρ, divided by the density of the base material, ρs. The density for WE43 used in this 





Figure 64: Photographs of the 24 WE43 microlattice structures produced by LPBF and examined 





Figure 65: Repeating unit cell for (a) cubic vertex centroid, (b) cubic diamond, (c) cubic fluorite, 



























0.6 8 2912.80 18701.15 0.108 1.68 0.91 
Cubic Vertex 
Centroid 
0.75 8 4459.81 22131.16 0.165 4.57 2.48 
Cubic Vertex 
Centroid 
0.6 10 4450.18 27530.80 0.165 5.24 2.84 
Cubic Vertex 
Centroid 
0.75 10 6473.72 32011.65 0.240 11.54 6.27 
Cubic Diamond 0.6 8 2925.04 19176.05 0.108 2.42 1.31 
Cubic Diamond 0.75 8 4543.38 22824.39 0.168 6.21 3.37 
Cubic Diamond 0.6 10 4533.44 28361.47 0.168 6.18 3.35 
Cubic Diamond 0.75 10 6922.62 33166.15 0.256 14.7 7.70 
Cubic Fluorite 0.6 8 5514.39 32620.26 0.204 9.61 5.22 
Cubic Fluorite 0.75 8 8358.41 36660.35 0.310 21.33 11.50 
Cubic Fluorite 0.6 10 8348.30 45570.46 0.309 24.31 13.20 
Cubic Fluorite 0.75 10 11870.73 49782.95 0.440 71.48 38.85 
Tetrahedron 
Octahedral Edge 
0.6 8 2570.05 16486.08 0.095 1.81 0.98 
Tetrahedron 
Octahedral Edge 
0.75 8 3917.38 19386.41 0.145 3.67 1.99 
Tetrahedron 
Octahedral Edge 
0.6 10 3041.98 19178.03 0.113 2.81 1.52 
Tetrahedron 
Octahedral Edge 
















0.75 10 12112.22 46663.28 0.449 48.58 26.4 
Tetrahedron 
Vertex Centroid 
0.6 8 1891.42 12560.16 0.070 0.81 0.44 
Tetrahedron 
Vertex Centroid 
0.75 8 2902.00 14924.49 0.11 2.09 1.13 
Tetrahedron 
Vertex Centroid 
0.6 10 1662.87 10842.95 0.062 1.14 0.62 
Tetrahedron 
Vertex Centroid 




8.3 Experimental Methods 
8.3.1   LPBF Processing of Lattices 
The SLM 125HL was utilized for all processing of WE43 lattices. The characterization of 
the WE43 powder used in this study is reported in B.3.2   Batch 2. LPBF processing parameters 
employed were previously optimized earlier in section 7.3, which included a laser power of 200 
W, scan speed of 1100 mm/sec, and a slice thickness of 0.04 mm. Due to the size of the struts in 
the mircrolattices, a typical stripe hatch pattern was not applied; rather, the laser scan path followed 
the contour of the strut geometry, as schematically illustrated in Figure 66, with a separation 
distance of 0.10 mm between contours. This scan strategy helped to retain the fine resolution of 
the struts. No re-melting strategies were employed. Once the microlattice structures were removed 
from the build plate, fine alumina particles (< 100 μm in size) were utilized to grit blast and remove 





Figure 66: Horizontal slices looking parallel to build direction for (a) cubic diamond and (b) 
tetrahedron octahedral vertex centroid (lattice combination of d = 0.6 mm and n = 8 units). Red 
line contour represents laser scan path with a hatch spacing of 0.1 mm. Lower right insets show 
superimposed scan path on microlattice cross-section. 
 
8.3.2   Macro and Microstructural Characterization 
The microlattice designs with the lowest relative density (lattice combination of d = 0.6 
mm, n = 8 units) from each of the lattice types (cubic vertex centroid, cubic diamond, cubic 
fluorite, tetrahedron octahedral edge, tetrahedron octahedral vertex centroid, tetrahedron vertex 
centroid), making a total of six microlattice structures, were chosen for macro and microstructural 
characterization. Surface morphology of the microlattices were analyzed with optical microscopy 
(Keyence VHX-900, Nikon Metaphot). The cross-section of each of the six microlattices was 
polished with SiC grit paper and diamond paste, with a final finish of 0.05 μm with colloidal silica. 
The samples were then etched with a 1 vol.% picric acid in distilled water etchant for 40 seconds. 
The underlying microstructure was analyzed with the FE-SEM operated at 20 kV. Compositional 
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analysis was performed utilizing XEDS equipped on the FE-SEM. Quantitative compositional 
analysis was performed utilizing the Thermo-Scientific NSSv3.0 software.  
 
8.3.3   Mechanical Testing 
The 24 microlattice structures presented in Figure 64 were compressed with a MTSTM  
tension-compression instrument with an applied quasi-static strain rate of 7.0 × 10−4 s-1. 
Compression testing was performed along the build direction for each microlattice. Engineering 
stress was calculated by dividing the load by the cross-sectional area. Engineering strain was taken 
from the crosshead displacement of the MTSTM machine. All microlattice structures were 
compressed to 35 % strain. Positioned perpendicular to the build direction was a digital image 
correlation (DIC) camera that measured and recorded the local strain deformation and fracture 
modes as shown in Figure 67. The DIC system consisted of a Tokina AT-X Pro macro 100 mm 
−f/2.8−d lens with a resolution of 2448 × 2048 and VIC-2D 2009 software by Correlated Solutions, 




Figure 67: Photos of the testing set-up showing (a) the DIC camera and (b) complete fracture of 
one of the lattice structures during compression testing. 
 
8.4 Surface Morphology and Microstructure of Lattice Structures 
All microlattice structures used in compression testing were grit blasted to remove loose 
powders. Figure 68(a) and Figure 68(b) present the strut surface of the cubic diamond microlattice 
structure (d = 0.6 mm, n = 8 units) before grit blasting. Some partially fused and sintered powders 
covered the surface of the struts. Figure 68(c) and Figure 68(d) present the same cubic diamond 
microlattice structure after grit blasting. After grit blasting, most of the partially fused/sintered 
powders were removed. Figure 69 clearly demonstrates the open structure of the six different 





Figure 68: Optical photographs showing cubic diamond lattice structure (d = 0.6 mm, n = 8 




Figure 69: Optical photographs showing the open-structure of (a) cubic vertex centroid, (b) cubic 
diamond, (c) cubic fluorite, (d) tetrahedron octahedral edge, (e) tetrahedron octahedral vertex 
centroid, and tetrahedron vertex centroid (f) microlattice structures. All microlattice structures 
presented had strut diameter of 0.6 mm and unit cell number of 8 units. 
 
Figure 70 presents cross-sectional optical and backscatter electron micrographs of the struts 
in mircolattice structures. Formation of melt pool geometry normal to the build direction and 
elongated laser scan tracks are observed perpendicular to the build direction as shown in Figure 
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70(a) and Figure 70(b), respectively. The melt pool tracks observed in Figure 70(b) appear as 
concentric circles due to the scan strategy employed in this study where the laser followed the 
contour of the strut geometry as depicted in Figure 66. Pores were observed according to this 
concentric scan strategy as presented in Figure 70(b). Underlying microstructure is similar in all 
six microlattice types as shown by the backscatter electron micrographs in Figure 70(c). The 
microstructure consisted of  -Mg matrix (HCP; gray) along with flakes and particles (white). 
From our previous microstructural analysis in section 7.4, and reported that these white flakes and 
particles were, respectively, nano-scale Y2O3 dispersoids uniformly dispersed in -Mg and sub-
micron β1-Mg3Nd precipitates, which are believed to improve the creep resistance and strength of 
WE43 [139].  
Composition of the six different LPBF microlattice types measured by XEDS is presented 
in Table 10. The main alloying elements for WE43 in all six microlattices types were Y, Zr, and 
Nd. Overall, the sum of the concentration of alloying elements (Y+Zr+Nd) did not vary 
significantly between the different microlattice types consistent with the nominal composition of 
WE43, which includes 7 to 8 wt.% alloying elements in Mg [58]. Also, there was no systematic 





Figure 70: Optical micrographs from the cross-section prepared (a) XZ plane and (b) XY plane 
for the cubic fluorite (d = 0.6 mm, n = 8 units) microlattice structure. Melt pool boundaries and 
tracks outlined with dotted line. (c) Backscatter electron micrographs of microstructural 















Mg Y Zr Nd 
Powder N.A. 93.50 ± 1.16 4.20 ± 0.84 0.69 ± 0.29 1.61 ± 0.55 
Commercial Specification N.A. Balance 3.7-4.3 0.4 min. 2.2-4.4 
Cubic Vertex Centroid 0.108 92.01 ± 0.70 4.44 ± 0.35 0.45 ± 0.46 3.09 ± 0.49 
Cubic Diamond 0.108 91.45 ± 0.58 4.69 ± 0.30 0.43 ± 0.44 3.41 ± 0.27 
Cubic Fluorite 0.204 91.72 ± 0.59 4.37 ± 0.26 0.34 ± 0.46 3.54 ± 0.31 
Tetra Octahedral Edge 0.111 91.93 ± 0.58 4.10 ± 0.23 0.43 ± 0.44 3.53 ± 0.39 
Tetra Octahedral Vertex 
Centroid 
0.095 91.75 ± 0.58 4.20 ± 0.30 0.53 ± 0.43 3.51 ± 0.27 
Tetra Vertex Centroid 0.07 92.49 ± 0.35 3.69 ± 0.35 0.32 ± 0.33 3.49 ± 0.34 
 
8.5 Mechanical Behavior Under Compression 
Engineering stress-strain plots from the compression tests of all 24 microlattice structures 
are presented in Figure 71. Majority of the stress-strain curves have saw-tooth appearance with 
multiple local stress maxima and minima. The multiple oscillations can be attributed to multiple 
events of deformation and cracking. The compressive strength of each of the microlattice 
structures, taken as the global maximum compressive strength measured, is reported in Table 9. 
The maximum strength was observed near ~ 5 % strain for all the microlattice structures. The 
majority of the microlattice structures did not withstand more than 25 MPa. However, the 
maximum compressive strength achieved among all the lattice structures was 71.48 MPa for the 
cubic fluorite structure with a strut diameter of 0.75 mm and 10 unit cells per 30 mm, which had 
the second largest relative density (ρ/ρs = 0.44). Of the four different lattice combinations produced 
for each lattice type, the highest strengths were observed for those with the largest strut diameter 
and the larger unit cell number of 0.75 mm and 10 units, respectively, which corresponded to the 
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highest relative density with each lattice structure type. Figure 72 presents maximum compressive 
strength recorded for each lattice type as a function of relative density. Overall, the compressive 
strength increased with an increase in relative density. Moreover, the compressive strength 





Figure 71: Engineering stress-strain curves for (a) cubic vertex centroid, (b) cubic diamond, (c) 
cubic fluorite, (d) tetrahedron octahedral edge, (e) tetrahedron octahedral vertex centroid, and (f) 
tetrahedron vertex centroid microlattice structures tested in compression. Lattice combinations, 





Figure 72: Compressive strength as a function of relative density for the microlattice structures 
examined in this study. 
 
Figure 73 shows DIC images with superimposed color mapping corresponding to the local 
displacement/distortion for six selected microlattice structures (i.e., d = 0.6 mm and 8 units). Four 
images were chosen for each lattice type: (1) at 2 % strain before initial fracture, (2) at 5 % strain 
at or close to initial fracture, (3) at 10 % strain after initial fracture, and (4) at 30 % near the end 
of the compression test. Figure 73 demonstrates that the local displacement/distortion increased 
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with an increase in strain for all structures. Unfortunately, the color mapping could not be 
correlated at higher strain if the local displacement/distortion was too high. 
Even though compressive strength variation as a function of lattice type was not significant, 
the failure modes were different between lattice types. Two dominating failure modes were 
observed: 45° shear fracture and crushing. The 45° shear fracture was the most common failure 
mode, which was observed primarily in the cubic vertex centroid, cubic fluorite, tetrahedron 
octahedral edge, and tetrahedron vertex centroid lattice types. The majority of the stress-strain 
curves for lattices that failed by 45° shear fracture show multiple stress maxima which correspond 
to repeated build-up of stress followed by a 45° shear fracture. This behavior is presented in Figure 
74(a) by local displacement mapping. On the other hand, tetrahedron octahedral vertex centroid 
only gave one maximum stress peak before reaching a plateau of constant stress. This crushing 
failure presented in Figure 74(b) occurred by continuous local failure of the lattice structure. The 
cubic diamond lattice type also exhibited crushing failure at low relative density (e.g., d = 0.6 mm, 
and n = 8 units). The tetrahedron vertex centroid displayed a clear sign of an initial 45° shear 
fracture, but exhibited crushing failure tendencies as shown in Figure 74(c) as the stress drops to 






Figure 73: DIC images taken during compression testing at various strains. Lattice combination 
of d = 0.6 mm and n = 8 units for all lattices shown. Color mapping indicates local displacement. 






Figure 74: DIC images showing different fracture modes observed during compressive testing: 





For lattice structures, there are two general compression response behaviors: bending 
dominated and stretch dominated [142-144, 152, 153]. Bending dominated behavior occurs when 
a stress maximum is achieved followed by a drop in stress to a constant, plateau until densification 
of the lattice starts near maximum strain [142-144]. Stretch dominated behavior is observed when 
continuous strain results in an oscillation of high and low stresses until densification near 
maximum strain [142-144]. Typically, bending dominated behavior is favored since a continual 
failure mechanism keeps the total stress constant. A sudden drop in load in the lattice structure due 
to oscillatory stress may cause consecutive and immediate failure of the lattice structure under high 
loads. However, the oscillatory behavior, which is observed in stretch dominated lattices, may 
prove useful for applications where energy adsorption and energy dissipation is desired. 
Maxwell (1864) [153] defined the stiffness of lattice structures and proposed a criterion for 
compression failure modes of cellular/lattice structures. A simple algebraic expression defined the 
Maxwell number, M: 
 M = s − 3e + 6 (19) 
where s is the number of struts and e is the number of nodes or joints where struts intersect. When 
M < 0, the lattice is considered under-stiff because there are not enough struts for moments to 
transfer to nodes. Therefore, a lattice that is under-stiff will exhibit bending dominated behavior. 
If M = 0, the lattice is “perfectly” stiff since there are the correct number of struts to transfer 
bending moments to the nodes. In other words, when M = 0, the cellular structure has the highest 
structural efficiency. For lattices where M > 0, the lattice is over-stiff with too many struts. Over-
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stiff lattices may defeat the purpose of designing and choosing lattice structures. Over-stiff lattices 
do not require bending moments to shift to the nodes, as they are usually strong and resilient. For 
perfectly stiff and over-stiff lattices, stretch dominated behavior would be favored. Under 
Maxwell’s criterion, only the common polyhedrons, tetrahedron and octahedron would have the 
Maxwell number to be 0. Other polyhedrons such as dodecahedron and icosahedron, which are 
more complex, are either under-stiff or over-stiff [154]. Therefore, in this study, design of lattice 
types based on tetrahedron and octahedron were selected.  
The number of struts, nodes, and calculated M for the lattice types examined in the study 
are reported in Table 11. For five of the lattice types, M < 0, and so, the bending dominated 
behavior would be expected. Only the tetrahedron octahedral edge lattice type had an M = 0. 
Accordingly, as presented in Figure 71(e), the tetrahedron octahedron vertex centroid exhibited 
the most consistent bending dominated behavior among all lattice types with little oscillation in 
the stress. As shown by Figure 71(a) and Figure 71(d), respectively, the cubic vertex centroid and 
tetrahedron octahedral edge lattice types exhibited the most oscillation in stress indicative of more 











Unit Cell (s) 
Number of 
Nodes per 
Unit Cell (e) 
Maxwell 
Number, M 
Cubic Vertex Centroid 8 9 -13 
Cubic Diamond 16 14 -20 
Cubic Fluorite 32 22 -28 
Tetrahedron Octahedral Edge 6 4 0 
Tetrahedron Octahedral Vertex Centroid 28 21 -29 
Tetrahedron Vertex Centroid 4 5 -5 
 
From Gibson-Ashby model [144, 155] for compression behavior, dominated either by 
stretching or bending, the relative strength can be estimated as the compressive strength of the 
microlattice structures over the compressive strength of the base material (σs), taken as 417 MPa 










where C is a constant that can range between 0.1 and 1.0. For bending and stretch dominated 
behaviors, constant m equals to 1.5 and 1, respectively. Relative strength of WE43 microlattice 
structures was examined as a function of relative density as presented in in Figure 75(a). In 
previous work, Yu et al. [9], examined the same lattice types built with AlSi10Mg alloy and 
suggested that the behavior of the tetrahedron octahedral edge lattice types followed a power law 
of a higher order power (m = 3.88). Therefore, simple power laws were fitted to each of the lattice 
types as shown in Figure 75(a). All lattice types except for tetrahedron octahedral vertex centroid, 
exhibited a higher order power law dependence (m > 2). Figure 75(b) presents relative strength of 
all microlattice structures along with various limits of relative strength based on Eq. (20) with 
165 
 
varying values of constants C and m. The compressive behavior of the microlattice structures 
examined closely follows more bending-dominated behavior (i.e. when m = 1.5), but can be better 
fitted with constant m = 2. However, a constant, plateau stress would be expected when 
compression behavior is bending dominated, which was only significantly observed for the 
tetrahedron octahedral vertex centroid and moderately observed in the cubic diamond and 






Figure 75: Relative density (ρ/ρs) vs. the relative strength (σ/σs) with (a) fitted power law 




Under bending dominated behavior, the struts in the unit cells would bend plastically, 
allowing for a continuous elastic/plastic response until the struts rupture. Upon collapse, the stress 
would remain relatively constant until densification of the lattice. If a material is brittle and the 
lattice is expected to be bending dominated, brittle fracture will be observed after the initial elastic 
response. As described by Gibson and Ashby [144, 155], the brittle response can display continual 
oscillation in stress in the stress-strain curves. If the lattice type exhibits crushing failure modes, 
the stress-strain curve would show a low amplitude oscillation, whereas a higher amplitude 
oscillation would be observed for lattice types that undergo 45° shear fractures during 
compression. The elongation/total strain of WE43 is low (< 7 % in tension), due to the anisotropic 
hcp crystal structure of Mg [10, 58, 66]. Therefore, with minimal ductility, brittle fracture is likely 
to occur after elastic yielding in the WE43 microlattice structures, which would cause little 
difference in fracture modes between lattice types.  
In previous work, Yu et al. [9] reported on the compression behavior of the same 24 lattice 
structures built with AlSi10Mg alloy. The tetrahedron octahedral edge lattice type exhibited a 
higher order strength-density relationship (m = 3.88) that is potentially associated with 
elastic/plastic buckling behavior rather than crushing. Crushing behavior was observed in 
tetrahedron octahedral vertex centroid and tetrahedron vertex centroid lattice types, which 
demonstrated low order (m < 1) strength-density relation. For WE43, five of the six lattice types 
exhibited a higher order power law with m > 2, suggesting that elastic/plastic buckling should be 
observed. However, the minimal ductility lead to brittle failure before any plastic response, e.g. 
buckling, could occur.   
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The highest specific strength determined for WE43 microlattice structure was 38.85 
MPa·g-1·cm-1 using the cubic fluorite with the combination of d = 0.75 mm and n = 10 units. This 
value is higher than those reported for lattice structures with a relative density less than 0.5 
processed with SS316L at 2.18 MPa·g-1·cm-1 [145], NiTi at 25.65 MPa·g-1·cm-1 [156], and Ti-6Al-
4V at < 35 MPa·g-1·cm-1 [147], but lower than AlSi10Mg at 83.1 MPa·g-1·cm-1 for the cubic fluorite 
with the combination of d = 0.75 mm and n = 10 units [9]. The compressive strength and specific 
strength (σ/ρs) of WE43 microlattices as a function of apparent density (ρ) are shown in Figure 
76(a) and Figure 76(b), respectively, for the microlattice structures built with WE43 and Al10SiMg 
[9]. The maximum compression strength and density of bulk AlSi10Mg was taken as 460 MPa 
[15] and 2.67 g/cm3 [157], respectively. Overall, the AlSi10Mg microlattice structures had a higher 
compressive strength and a higher specific strength. However, the scatter for AlSi10Mg is larger 
as indicated in Figure 76(a). In comparison, the scatter for WE43 is smaller in general and is highly 
linear. This difference in the scatter is most likely due to the ductility difference between 
AlSi10Mg, which compresses up to 25 % strain before fracture [15], and LPBF WE43, which 
compresses up to 9.5 % strain at fractures as reported in Table 8. The brittle behavior of WE43 
could be the reason for the highly linear relationship between compressive strength and relative 





Figure 76: Apparent density (ρ) vs. (a) compression strength and (b) specific strength (σ/ρs) for 







Fabrication of 24 WE43 microlattice structures was carried out to examine their 
compression behavior and failure modes. Key findings of this investigation included: 
(1) Consecutive melt pools were observed in both the macro and microstructures within struts of 
microlattices, consistent with the LPBF process.   
(2) The highest compressive strength and the corresponding specific strength determined was 
71.48 MPa and 38.85 MPa·g-1·cm3, respectively. This strength was found for the cubic fluorite 
with lattice combination of d = 0.75 mm and n = 10 units. The specific strength reported is 
higher than that of SS316L or NiTi, but lower than AlSi10Mg. 
(3) Two main failure modes were observed from the compression testing of the WE43 microlattice 
structures: (1) 45° shear fracturing and (2) repeated crushing. Lattice combinations of the cubic 
diamond and tetrahedron octahedral vertex centroid lattice types were found to exhibit the most 
crushing behavior based on DIC image capturing, whereas 45° shear fracturing was mainly 
observed in the tetrahedron octahedral edge lattices. The 45° shear fracturing was consistent 
with the oscillation in stress and the repeated crushing is consistent with low constant stress 
with minimal oscillations.  
(4) Except for the tetrahedron octahedral vertex centroid lattice type, all other lattice structures 
exhibited higher order (m > 2) strength-density relationship, which corresponds more to the 
elastic/plastic buckling. However, the low ductility of the WE43 most likely lead to brittle 
failure. Furthermore, the brittle behavior was most likely the limiting factor causing little 
correlation between compressive strength and lattice type.  
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CHAPTER 9: SUMMARY 
The unique ability to produce custom, complex designs using additive manufacturing (AM) 
has allowed for rapid prototyping of new and efficient engineering components. Laser powder bed 
fusion (LPBF) is a popular AM technique where regions of a powder bed are selectively melted 
by a laser source in a layer by layer process. LPBF has allowed for inspiring new models that often 
include the use of “intended” porous designs utilized to lighten engineering components such as 
that used in structural applications, metallic implants, and even areas as niche as flame arrestors 
used to prevent or mitigate flames in piping that flow flammable gases. However, few alloys are 
known to behave well in LPBF, as many desired alloys such as high strength Ni-based superalloy 
CM247 cannot be processed by LPBF without the consequence of solidification cracking and/or 
excessive porosity. Even more so, the list of lightweight alloys is restricted to Ti-6Al-4V and 
AlSi10Mg, with no known Mg based alloy known to process crack-free, thus limiting the broader 
adoption of LPBF. Therefore, this dissertation focuses on understanding the solidification behavior 
and cracking tendency of selected Al- and Mg-alloys processed by LPBF.  
Solidification of LPBF parts consists of many micro-welds, all bonded together. The 
repetitive local melting, layer by layer, can cause significant differences in thermal history 
throughout the part. Therefore, varying heat input based on varying processing parameter, e.g. 
laser power, scan speed, etc., can affect the LPBF density and microstructure significantly. 
Utilizing AlSi10Mg, an alloy known to behave well in LPBF, processing parameters were varied 
to the extreme, documenting (1) the formation of porosity due to boiling of the powder bed at high 
energy input, (2) a parameter in which AlSi10Mg could be processed fully dense, and (3) 
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observation of irregular flaws from lack of fusion due to low energy input. Furthermore, a sub-
grain cellular-solidification structure was observed in the as-built microstructure, finding that the 
cell size varied as a function of processing parameter. Moreover, the cell size lead to direct 
calculation of the cooling rate for LPBF to be on the orders of 105 to 107 K·s-1. 
Solidification cracking is postulated to occur during the final moments of solidification 
when the last remaining liquid wets the grain boundaries. As the accumulated strain builds due to 
grain pulling from solidification contraction, the liquid film can shear, opening a channel, and thus 
nucleating a crack that can propagate along the grain boundary. The success of processing 
AlSi10Mg has been attributed to the near eutectic composition, ~ 12.6 wt.% Si, in the Al-Si binary 
system, allowing for a near instant transformation from liquid to solid. Decreasing the Si 
concentration increases the freezing range between the liquidus and solidus, thus allowing for a 
higher susceptibility to solidification cracking. Using Scheil solidification modeling, a cracking 
susceptibility index was determined based on the steepness of the fS
1/2 vs. temperature curves, 
|dT/dfS
1/2|. Application of the cracking criterion for the binary Al-Si yielded a maximum cracking 
susceptibility to occur at 0.5 wt.% Si. In conjunction, experimental results from the LPBF 
processing of various binary Al-Si alloys, revealed that Al-1.0 wt.% Si had the highest severity of 
cracking, whereas only minor cracking was observed in Al-0.5 wt.% Si composition.  
Inclusion of solid-state diffusion in the Scheil equation, which assumes no solid-state 
diffusion, the magnitude of the cracking susceptibility index was found to decrease substantially. 
Moreover, the concentration of solute where the maximum cracking susceptibility is found shifts 
to a higher concentration. For the case of the binary Al-Si system, assistance from diffusion 
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suggests that the maximum severity of cracking to be observed at 1.0 wt.% Si in Al. Even though 
diffusion appears to play a role in solidification cracking, it cannot be concluded whether the slight 
shift between the crack susceptibility index and the experimental crack measurements for the 
binary Al-Si was because of diffusion or just experimental inaccuracy. Further investigation is 
warranted by studying the Al-Mg system, shown to have a more significant change in cracking 
susceptibility with minor assistance from diffusion.  
For further validation of the cracking criterion approach used for predicting the cracking 
susceptibility of an alloy during LPBF processing, the high strength Mg-alloy WE43 was 
considered. WE43 is used in wide range of important applications such as lightweight combat-
ready armor in military defenses, use in gearboxes and casings in automotive and aerospace 
components, or even as bioresorbable orthopedic implants. In this work, the use of the cracking 
criterion in conjunction with single track laser scan feasibility studies, yielded that WE43 can be 
processed dense by LPBF. Through an exhaustive processing parametric study, indeed, dense 
WE43, free of solidification cracking was repetitively produced. Moreover, good mechanical 
behavior both in tension and compression was obtained for LPBF WE43, better than design data 
for traditionally manufactured WE43.  
Additive manufacturing has allowed for the production of complex lattice structure designs 
with “intended” pores designed into the part. These lattice structures are used to lighten structural 
materials for load bearing and energy adsorption applications. In this work, 24 WE43 lattice 
structures were fabricated with LPBF now that good confidence was attained in fabricating dense 
and strong parts from LPBF WE43. Lattice type, strut diameter, and unit cell size were all varied, 
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thus changing the relative density of the lattice structures. Under compression testing, many 
oscillations in stress were observed due to many local maxima and minima from repeated 
fracturing and loading of the lattices. High specific strengths, higher than that reported for lattice 
structures produced from different engineering alloys, Ti-6Al-4V, SS316L, and NiTi, were 
achieved from the WE43 lattice structures. This suggests that WE43, already known to have a high 
strength to weight ratio, combined with a lattice structure design, has potential for the ultimate 
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B.1 AlSi10Mg Powder 
Gas atomized AlSi10Mg powders were acquired from SLM Solutions Group AG (Lubeck, 
Germany). With the balance of Al, these powders contain 9.0 to 11.0 wt.% Si and 0.20 to 0.45 
wt.% Mg along with 0.55 wt.% Fe, 0.05 wt.% Cu, 0.10 wt.% Zn, 0.15 wt.% Ti, 0.05 wt.% Ni, 0.05 
wt.% Pb, 0.05 wt.% Sn and 0.15 wt.% others. 
Figure 77(a) presents secondary electron surface morphology and Figure 77(b) presents 
cross-sectional backscatter electron micrograph of the AlSi10Mg alloy powders. They were mostly 
spherical, however, with few satellites. The powder composition from the XEDS measurement, 
reported in Figure 77(b) was within the nominal composition specified, but close to the lower limit 
in both Si and Mg content. This would affect the density determination by Archimedes method, 
specifically the absolute value, since the theoretical value deviates slightly from the actual value. 
Therefore, in this study, density determination of samples by image analysis of optical 
micrographs, i.e., relative density expressed in percentage, is considered more meaningful, at least 
in observing the trend as functions of LPBF parameters. A particle size distribution, presented in 
Figure 77(c), ranged between 24 to 66 μm, with the mean powder size, D10, D50, and D90 of 43, 
24, 41, and 66 μm, respectively. Findings of this study may be limited to this particular alloy 




Figure 77: (a) Secondary electron micrograph of the surface morphology, (b) cross-sectional 
backscatter electron micrograph along with the measured composition, and (c) size distribution 
of the Al10SiMg alloy powders. 
 
B.2 Binary Al-Si Powders 
Starting from Al-20 wt.% Si and commercially pure Al master alloys, binary Al-Si gas 
atomized powders were produced using an in-house laboratory-scale gas atomization system. A 
melt temperature of 900 °C and gas pressure of 2 MPa were employed. A total of six binary Al-Si 
compositions were gas atomized: hypo-eutectic compositions of 0.5, 1.0, 2.0, and 4.0 wt.% Si, 
near eutectic composition of 12.6 wt.% Si, and hyper-eutectic composition of 16.0 wt.% Si. The 
atomized powders were sieved using a 100 µm mesh size screen for 15 minutes per ASTM B214-
16 standard for sieving metal powders. Powder size distribution was measured with a Beckman 
Coulter LSTM 13 320 laser powder diffractometer. 
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Powder size distributions for the gas atomized binary Al-Si alloys are presented in Figure 
78. Corresponding D10, D25, D50, D75, D90, and mean particle sizes are reported for each 
composition in Table 12. In general, the powder size distribution ranged between 20 to 90 µm with 
a mean particle size of approximately 50 µm. Secondary electron micrographs of the powder 
morphology and backscatter electron micrographs of the powder cross-sections are shown in 
Figure 56. Overall, the powders are spherical, but with some satellites. The powder cross-sections 
reveal Si segregation to the interdendritic regions. Zhou et al. [21] performed both scanning 
electron and transmission electron microscopy on gas atomized AlSi10Mg powder, and reported 
that the interdendritic regions consisted of an Al-Si eutectic structure. Moreover, with an increase 
in Si concentrations, the amount of segregation increased since the eutectic structure becomes 
more pronounced in 12.6 and 16.0 wt.% Si alloy powders. Composition of the powders measured 
by XEDS is also presented in Table 12. The compositions deviate slightly but are near the nominal 
Si concentration.  
 
 





Figure 79: Secondary and backscatter electron micrographs of the powder morphology and 
cross-section, respectively, for the six binary Al-Si alloys. 
 
Table 12: Powder size determined for the six binary Al-Si alloys, and composition determined by 
XEDS for the binary Al-Si gas atomized powders and LPBF cube samples. 
 Atomization Charge Composition (wt.% Si) 
 0.5 1.0 2.0 4.0 12.6 16.0 
Alloy powder size distribution (µm) 
D10 20.9 21.0 21.0 19.9 18.5 16.5 
D25 33.8 34.2 34.6 33.9 30.6 27.8 
D50 50.2 51.6 51.9 52.6 47.3 43.3 
D75 67.5 69.8 70.3 73.3 65.3 60.0 
D90 84.1 89.2 89.1 107.6 83.0 75.5 
Mean 51.9 54.1 54.0 52.6 49.5 45.0 
Alloy powder composition (wt.% Si) 
Powders 1.0 ± 0.9 0.9 ± 0.6 2.7 ± 1.3 3.6 ± 1.0 12.5 ± 3.5 16.3 ± 0.9 
LPBF 
Cubes 





B.3 WE43 Powder 
All WE43 powder was acquired from Magnesium Elektron with a starting particle size of 
20 to 63 µm. The nominal composition of the WE43 powder was Mg alloyed with 3.7-4.3 wt.% 
Y, 2.3-3.5 wt.% rare earth, and maximum of 0.2 wt.% Zr.  
B.3.1   Batch 1 
Figure 80(a) presents secondary electron micrograph of the WE43 powders employed in 
LPBF investigation. They were, in general, spherical, free of satellites, and exhibited good 
flowability. Cross-sections of these powders were also examined as shown in Figure 80(b) by 
backscatter electron micrograph. Typical powder alloy microstructure with inter-dendritic regions 
heavily segregated with alloying additions for WE43, such as Y, Gd, Zr, Nd, was observed, and 
this is somewhat similar to the microstructure observed within the melt pool from the STS study. 
The D10, D50, D90, and mean particle sizes were 4.4, 18.1, 38.7, and 20.1 μm respectively, as 





Figure 80: Characterization of WE43 powders employed for LPBF (Batch 1): (a) powder 
morphology examined by secondary electron micrograph; (b) dendritic microstructure observed 
from the cross-sectional backscatter electron micrograph; (c) particle size distribution. 
 
B.3.2   Batch 2 
Figure 81(a) presents secondary electron micrograph of the WE43 powders employed in 
LPBF investigation. They were, in general, spherical, free of satellites, and exhibited good 
flowability. Cross-sections of these powders were also examined as shown in Figure 81(b) by 
backscatter electron micrograph. Typical powder alloy microstructure with inter-dendritic regions 
heavily segregated with alloying additions for WE43, such as Y, Gd, Zr, Nd, was observed, and 
this is somewhat similar to the microstructure observed within the melt pool from the STS study. 
The D10, D50, D90, and mean particle sizes were 23.7, 40.3, 59.8, and 40.3 μm respectively, as 
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presented by the particle size distribution in Figure 80(c). 
 
 
Figure 81: Characterization of WE43 powders employed for LPBF (Batch 2): (a) powder 
morphology examined by secondary electron micrograph; (b) dendritic microstructure observed 
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